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Abstract  
The current demands of the aviation industry for increased gas-turbine efficiency pushes 
polycrystalline nickel-based superalloy turbine discs to their operational limits. This drive for 
improved efficiency necessitates higher turbine entry temperatures, requiring that alloys 
exhibit superior oxidation resistance. The synergistic effects of oxidation and high 
mechanical stresses pose a complex issue and can be responsible for a reduction in the fatigue 
life of these components. The principal aim of this thesis is to examine the oxidation 
behaviour and the associated transport mechanisms in the fine grain alloy RR1000 in the 
polished and shot-peened conditions, for classical and mechanically loaded conditions. To 
achieve this, experiments were conducted that integrated two-stage isotopic tracing, with 18O 
serving as a tracer element during the second stage oxidation, combined with focused-ion-
beam secondary ion mass spectrometry (FIB-SIMS) and other complimentary techniques.  
Classical oxidation studies of FGRR1000 between 700-800°C characterised the oxidation 
behaviour in terms of the kinetics, microstructural changes and transport mechanisms. The 
alloy formed a mostly chromia external oxide, with discontinuous layers of rutile above and 
below the main oxide. Preferential grain boundary alumina internal oxidation, γ’-dissolution 
and recrystallisation occurred in the sub-surface below. The shot-peened alloy demonstrated 
expedited oxidation kinetics, attributable to short-circuit diffusion paths generation during 
peening and exposure. Combined isotopic oxidation/FIB-SIMS mapping revealed 
anionic/cationic growth in the external oxidation. Inward oxygen transport in the alloy, 
following diffusion through the semi-protective external oxide, took place preferentially 
along alloy/internal oxide interfaces. The FIB-SIMS maps were used to determine the oxygen 
tracer-diffusion coefficients in the external scale, which were also higher in the SP alloy. 
Thermodynamic modelling provided an insight into the γ’-dissolution and recrystallisation, 
which is not related to the cold work alone, and was subsequently described by oxidation-
induced recrystallisation (OIR).   
A study of compressive and tensile loads on the oxidation behaviour used a purpose-built 
bending rig for use in an isotopic oxidation apparatus. Loading did not influence the 
oxidation products formed, but did bring-about expedited oxidation kinetics and changes to 
the oxide morphology. Arguably, the most significant effects took place in the sub-surface 
regions. Increased oxidation kinetics were attributed to the development of fast anion/cation 
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diffusion paths as the alloy deformed by creep. Likewise, the creep-deformed microstructure 
is largely responsible for the morphological differences observed.  
A study of the residual stress relaxation in the shot-peened alloy due to thermal exposure and 
dwell-fatigue loading utilised X-ray residual stress analysis, electron back-scattered 
diffraction, micro-hardness testing and FIB microscopy. Thermal exposure at 700°C for 48 
hours resulted in a large reduction in the residual stresses and work-hardening effects in the 
alloy, but the sub-surface remained in a beneficial compressive state. Oxidizing environments 
caused recrystallization in the near surface, but did not affect the residual stress-relaxation 
behaviour. Dwell-fatigue loading at the same temperature and total exposure times caused the 
residual stresses to return to approximately zero at nearly all depths.  
The roles of oxidation and oxygen transport during crack initiation and short crack growth of 
the shot-peened alloy were investigated. This used post mortem examination of specimens 
that had undergone dwell-fatigue loading at 700°C using isotopic tracing protocols. 
Preparation of crack cross-sections utilised a tangential FIB milling technique, which 
provided a suitable analysis region for different materials characterisation techniques. The 
relative distributions of the 16O-/18O- suggested that oxygen diffusion and the subsequent 
oxidation took place along grain boundaries, orientated in the direction of the maximum 
shear, immediately ahead of the crack. The growth of these oxide intrusions appears stress 
assisted; however, grain boundary primary-γ’ precipitates may impede their continued 
growth. Complimentary Time-of-Flight SIMS (ToF- SIMS) and Energy Dispersive X-ray 
Spectroscopy (EDS) revealed the chemistry of the oxidation products. A possible mechanism 
for initiation and the initial crack growth under the current loading conditions was put 
forward. 
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Chapter 1 – Introduction  
The purpose of this chapter is to introduce the motivations and aims for the work reported in 
this thesis. Initially, this overview will introduce nickel-based superalloys, which are the 
subject material throughout the thesis. The following discussions will outline the need for 
high temperature oxidation resistance, which itself provides the key motivation for this work. 
Last, the aims of this work are presented.  
1.1 Gas turbines and the Nickel-based superalloys  
Gas turbines now have various applications for aircraft propulsion and for generation of 
electrical power since their development during the middle of the 1900’s. Figure 1-1 shows a 
schematic layout of a typical gas turbine engine. In its simplest terms, the compressor 
squeezes the air intake to extremely high pressures, before it enters the combustor where the 
fuel mix is added and ignition takes place. The gases, which leave the combustor, expand 
through the turbine section, passing over the blades, causing a rotation to drive the 
compressor [1,2]. The hot jet of gases from the exhaust provides the thrust to power the 
aircraft. The components that make up the hottest sections of this arrangement require 
excellent high-temperature strength, creep and oxidation resistance, for which, nickel-based 
superalloys act as the best choice. 
 
Figure 1-1 Schematic of a typical gas turbine layout. Adapted from Young [2]. 
The ability of nickel superalloys to fulfil these requirements pays dividend to the number of 
different strengthening mechanisms they possess. Strengthening arises from order, 
precipitates, solid solutions, oxide dispersion and grain boundary strengthening. Additions of 
certain elements provide both strengthening and an adequate oxidation resistance.  
Compressor
Air intake
Turbine
Exhaust
Combustion 
chamber 
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Figure 1-2 Crystal structures of the disordered γ and ordered γ’ phases commonly observed in superalloys. 
Superalloys regularly contain a number of different phases, but by far the most important of 
these is the cubic L12 γ’-phase, which leads to their high temperature strength and creep 
resistance. This forms as a coherent and ordered precipitate phase amongst the bulk γ-phase. 
The latter phase makes up the matrix of these alloys. Like the γ-phase, γ’ also has face-
centred sites; however, the atoms have specific lattice sites. To appreciate this, consider the 
lattice unit cell given in Figure 1-2. The atoms of the fcc-γ Ni3Al structure have no specific 
lattice sites but the overall ratio of Ni to Al remains 3:1. Now take the L12-γ’ Ni3Al, the ratio 
remains the same except that the Ni now take the face centred sites, whereas the Al sit at 
corners; this demonstrates ordering. The ordering means that dislocations must unfavourably 
penetrate γ’ in pairs (super-dislocations) to avoid the energy penalty associated with anti-
phase boundary (APB) formation, making the process more difficult [1]. The coherency of 
the γ/γ’ allows it to remain stable at high temperatures so that its benefits are not lost. Note 
that the structure does not form from just Ni3Al and other common stabilisers include Hf, Nb, 
Ta and Ti.  
1.2 The need for high-temperature oxidation resistance  
The demand for increased engine efficiencies, whether to reduce costs or emissions, pushes 
the Ni-based superalloys to their mechanical and thermal limits. During the design of a gas 
turbine, much emphasis surrounds the turbine entry temperature (TET): the temperature at 
which the hot gases enter the turbine section. To maximise efficiency, and therefore, to 
reduce costs and greenhouse gases per unit of output [2], it is desirable to increase the TET.  
The oxidation resistance of turbine disc materials has generally received less interest over the 
years due to their relatively low operating temperatures compared to the turbine blades. 
However, with increasing TET’s for improved efficiencies, the synergistic effects of 
oxidation and high mechanical stresses pose a complex issue and are responsible for a 
Al or Ni Al Ni
fcc-γ Ni3Al
L12-γ’ Ni3Al
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reduction in the fatigue life of these components. Reduced fatigues can be catastrophic since 
a disc failure is uncontainable unlike the blades themselves. The effects of oxidizing 
environments on fatigue performance can be two-fold. The first of these concerns crack 
initiation, where increased oxidation rates modify the failure mode from sub-surface to 
surface crack initiation due to premature cracking of the oxide [3]. This, coupled with a 
greater number of initiation sites, reduces the overall fatigue life [3-5]. The second relates to 
increased fatigue crack growth rates (FCGR’s). Oxidation and oxygen transport effects are 
particularly important during crack growth, as they have been frequently reported to change 
the growth mechanism from trans-granular to inter-granular [3,6-9]. For instance, one 
example in the literature available shows that fatigue tests conducted for a model alloy (Ni-
13Cr-19Co-3Mo-4Ti-5Al) produced FCGR’s up to 104 times higher in air compared to argon 
at 973 K [10,11]. One particular question to arise from is, “how does oxidation and oxygen 
transport influence the crack growth?” Much debate surrounds this issue and this is one of 
the areas, which this thesis investigates. However, it is also important to understand how the 
stresses themselves influence the oxidation behavior. This interaction between stress and 
oxidation provide the motivation for this thesis.  
To meet the demands of extended service life and lower operating cost, it is necessary to 
understand the behaviour of these materials in conditions that match and exceed those 
experienced during normal in-service operating conditions. The development of an 
understanding of the oxidation and oxygen transport mechanisms will inevitably provide a 
basis for component lifetime models. Furthermore, an understanding of the degradation 
mechanisms of current alloys should only assist in the development of future alloys.  
1.3 Thesis Aims  
The specific aims of this thesis were to characterise the static oxidation behaviour, the 
oxidation behaviour under constant tensile and compressive loads and the oxygen transport 
ahead of growing fatigue cracks under dwell-fatigue loads. To ascertain the dominant oxygen 
transport mechanisms and diffusion coefficients, isotopic tracing protocols with combined 
FIB-SIMS were implemented. It is important to emphasise that this work investigates the 
specific material properties. The FIB-SIMS work oxidation protocols developed here are 
transferable to other systems and to future studies. 
 15 
Chapter 2 – Literature Review 
2.1 Introduction  
This chapter discusses the current understanding of both the high-temperature oxidation 
behaviour and the influence of oxygen enriched environments during fatigue at elevated 
temperatures in polycrystalline nickel-based superalloys used for turbine disc applications. In 
discussing the oxidation behaviour, an initial overview of oxidation fundamentals is given, 
which considers external oxidation, internal oxidation and the associated microstructural 
changes. Likewise, this review also presents a general overview of fatigue and creep prior to 
discussing the more relevant environmental enhanced fatigue crack growth (EEFCG) 
mechanisms of nickel-based superalloys. In-line with the objectives of this thesis, this review 
includes an overview of isotopic tracing methods in conjunction with secondary ion mass 
spectrometry and their application in the field of high-temperature oxidation of metals.  
2.2 High-temperature oxidation  of alloys 
2.2.1 Overview of alloy oxidation  
Most engineering alloys of technological importance often operate in environments where a 
sufficient amount of a reactive gaseous species exists, such that the alloy itself becomes 
thermodynamically unstable. Often it is the case that this gaseous species is oxygen and the 
metal reacts to form one of its metal oxides. The oxide formed depends on its stability under 
the temperature and oxygen partial pressure of the environment. Since the environmental 
conditions often meet the thermodynamic criteria for metal oxidation, the determining factor 
in alloy oxidation is the scale formation kinetics. The kinetics of the reaction depends on a 
number of factors related to the specific nature of the oxidation product defined by an 
elaborate interaction between the alloy chemistry, microstructure and surface condition [12].  
The design of nickel-based superalloys with superior oxidation resistance at high-
temperatures requires careful control of the alloy composition. An ideal alloy will allow 
slowly forming oxidation whilst simultaneously providing protection from further oxygen 
attack and avoiding significant depletion of strengthening secondary particles. At present, no 
specific design strategies exist for multi-component alloys [12], due to the difficulties that 
arise from trying to balance oxidation resistance with opposing properties such as high 
temperature strength and creep resistance.  
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2.2.2 Thermodynamics of oxidation 
Determining what oxidation products will form for a particular alloy or metal under a given 
set of environmental conditions requires an adequate understanding of the equilibrium 
thermodynamic properties. Plots of the standard free energy of formation ∆G° against 
temperature, otherwise known as Ellingham-Richardson diagrams (Figure 2-1), offer some 
insight into this by providing a simple comparison of relative oxide stabilities. For the 
oxidation of a single metal, represented by the reaction: 
𝑥𝑀 + 𝑦2𝑂!⟹   𝑀!𝑂! (2.1) 
and taking the activities of the metal and the oxide as unity, then the dissociation pressure of 
oxide, or, the minimum oxygen partial pressure, 𝑝!!!/!"!, at which the oxide and metal 
coexist, is given by:  
𝑝!!!/!"! = exp  (∆𝐺°𝑅𝑇 ) (2.2) 
where R and T take their normal meanings. Naturally, alloy oxidation should consider the 
metal and oxide activities 𝑎!  and 𝑎!"!, respectively, to yield the equilibrium partial pressure 𝑝!!!" is: 
𝑝!!!" = 𝑎!"!𝑎! 𝑝!!!/!"! (2.3) 
In practice, predictions normally hold true for up to two-phase binary alloys, based on this 
simple method with prior knowledge of the activities of the metal and the oxide. However, as 
pointed out by Gesmundo and Gleeson [13], for multi-component, two-phase alloys the 
prediction of oxides becomes far more complex due to the additional degrees of 
thermodynamic freedom predicted by the Gibb’s phase rule. The additional degrees of 
freedom in multi-component alloys allow diffusional processes to take place with the two-
phase structure that have the effect of changing the equilibrium phase composition. This 
makes it very difficult to predict the oxidation behaviour of these and higher-order alloys; 
however, the increasing availability of phase equilibrium and kinetic modelling software 
packages provide some insight into the complex behaviour of these alloys.  
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Figure 2-1 Ellingham diagram showing the free energy of a reaction as a function of temperature for various 
metals [14]. 
2.2.3 Oxidation Mechanisms and Wagner’s theory of external oxidation 
2.2.3.1 Parabolic Oxidation Kinetics  
Oxidation of alloys normally follows parabolic kinetics, that is, the rate of oxidation 
decreases with square root of time t [14]:  
𝑋! = 2𝑘!𝑡 (2.4) 
Where X is the film thickness and kP is the parabolic rate constant. Under these conditions, 
the migration of either anions or cations through the lattice of the growing scale generally 
controls the rate of oxide growth. In fact, differentiation of Equation 2.4 shows that transport 
down a gradient of driving force controls the growth rate dX/dt, since it becomes 
proportionally smaller as the oxide thickness increases. If the diffusion of the rate-controlling 
species obey Fick’s first law of diffusion with an oxygen concentration that is distributed 
linearly across the scale, then [14]:  
𝐽 = −𝐷 𝑑𝐶𝑑𝑥 = 1𝑉!" 𝑑𝑥𝑑𝑡   = −𝐷 (𝐶! − 𝐶!)𝑋  (2.5) 
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where 𝐷 is the diffusivity of the migrating species, 𝐶! and 𝐶! are its concentrations at the 
M/MO and MO/O2 interfaces, respectively, and 𝑉!" is the molar volume of the oxide. 
Equation 2.5 is equivalent in form to the first derivative of Equation 2.4, so that the parabolic 
rate constant may also be expressed as: 
𝑘! = 𝑉!"𝐷(𝐶! − 𝐶!) (2.6) 
Regularly, an Arrhenius relationship of the sort  
𝑘! = 𝑘!exp  (− 𝑄𝑅𝑇) (2.7) 
describes the variation of 𝑘! with temperature, where, Q is the activation energy and k0 is an 
experimentally determined constant. Figure 2-2 shows a comparison of the oxidation kinetics 
for Co, Ni and Cr, using the parabolic constants 3.3 x 10-9, 9 x 10-11 and 6 x 10-14 cm2 s-1, 
respectively, at 1000 °C for up to 100 hours in O2 (1 atm) [2]. Evidently, the rate constants 
vary significantly, with Co exhibiting the least noble behaviour. Comparisons of the various 
metals using the Ellingham diagram (Figure 2-1) shows that, whilst Co is the most reactive of 
the three metals, the stability of its oxide CoO lies very close to that of NiO at this 
temperature. Notice that Cr has very slow oxidation kinetics coupled with much higher 
stability than both Co and Ni, making it a favourable choice for high-temperature resistance.  
 
Figure 2-2 Comparison of the scaling kinetics for Co, Ni and Cr at 1000°C in O2 for up to 100 hours. 
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2.2.3.2 Lattice Diffusion and non-stoichiometric oxides 
Figure 2-3 shows a simplified diagram of a cross-section through a growing oxide scale 
illustrating the different transport processes that can occur during oxide growth. Clearly, the 
oxide growth requires that both ions and electrons migrate through the scale.  
 
Figure 2-3 Reactions and transport processes during the oxidation of a metal. 
The oxide growth involves charged species that will experience both chemical potential 
gradients and electrical fields. Hence, for a species i, the equivalent flux 𝐽!   under such 
conditions may be written as [14]:  
𝐽! = 𝐷!𝐶!𝑘𝑇 𝜕𝜇!𝜕𝑥 + 𝑞!𝐸  (2.8) 
 
 
Where, 𝐷! is the diffusion coefficient, 𝐶! is the concentration, k is the Boltzmann constant, !!!!"  
is the chemical potential gradient, 𝑞! the charge of the diffusing species and E is the electric 
field. A prerequisite for this type of transport requires that the oxides formed are treated as 
non-stoichiometric compounds, in which diffusion occurs via lattice defects. Typically, n-
type and p-type semiconductors best describe the oxides formed on metals.  
In n-type semiconductors, charge transfer occurs via negative charge carriers; this arises 
when the oxide has either a metal excess or a non-metal deficit. In the case of a metal excess 
(M1+δO, where δ represents the deviation in stoichiometry), and using the notation of Kroger 
[15], a defect equation of the form applies:  
𝑀𝑂⟹ 𝑀!∙∙ + 2𝑒! + 12𝑂! (2.9) 
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where 𝑀!∙∙   represents a doubly charged positive metal interstitial ion. Equation 2.9 implies 
that metal cationic transport occurs via interstitials and electronic transport through excess 
electrons excited into the conduction band. This is visualised as an oxygen atom leaving the 
MO lattice and a M2+ ion enters an interstitial site. The metal cations and electrons liberated 
at the M/MO interface migrate across the oxide to the MO/O2 interface, where the electrons 
reduce the oxygen to O2-, which then react with the M2+ to form MO. For a non-metal deficit 
(MO1-δ), this may be represented by: 
𝑂!!⟹ 𝑉!∙∙ + 2𝑒! + 12𝑂!   (2.10) 
 
 
where 𝑂! is an oxygen atom on an oxygen site and 𝑉!∙∙ is a doubly charged positive oxygen 
vacancy. This indicates that as an oxygen atom becomes discharged and evaporated, the 
electrons are excited into the conduction band, creating an anion vacancy. During oxide 
growth, the O2- ions migrate towards the M/MO interface through vacancy-exchange, so that 
the 𝑉!..  move in the opposite direction. Incorporation of the O2- into the oxide lattice proceeds 
through annihilation with  𝑉!⋅⋅ to form 𝑂!!.  
For p-type semiconductors, charge transfer is by positive charge carriers, and arises when 
there is a metal deficit. For a metal deficit (M1-δO), the following defect equilibrium can 
apply: 
1/2𝑂!⟹ 𝑉!!! + 2ℎ∙ + 𝑂!! (2.11) 
 
 
where 𝑉!!!  is a doubly charged negative metal vacancy and ℎ∙  is singly charged hole. The 
process of metal vacancy formation is more complex than that of anion vacancies described 
above. However, in the case of a transition metal, the ability of the metal to exist in several 
valance states aids this process. The M2+ ions migrate towards the MO/O2 interface, again 
through vacancy-exchange, but with the 𝑉!!! moving in the opposite direction. The movement 
of ℎ∙ across the scale to M/MO interface essentially takes place by oxidation of M2+ cations to 
M3+, thereby demonstrating the importance of variable oxidation states. This process 
terminates at the M/MO interface, where the electrons liberated in the oxidation of M atoms 
to M2+ cations, reduce the  ℎ∙ (i.e. M3+→ M2+). Rarely does an excess anion (MO1+δ) form 
because of the lattice strain imposed by an oxygen ion entering an interstitial site (oxygen has 
a relatively large ionic radius compared to most metals) [14].  
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2.2.3.3 Wagner’s Theory of Oxidation  
Wagner [16] developed his initial theory of oxidation in 1933 and provided an elaborate 
understanding of the transport processes taking place during oxide scale growth. With 
Wagner’s theory in place, it became possible to predict oxide rates in relation to temperature, 
environment and oxide chemistry. Wagner’s theory recognised that the rate-limiting diffusion 
of lattice defects across the film (either as ions or minor charge carriers) controls the overall 
oxidation rate, leading to parabolic oxidation kinetics. In developing this model, Wagner 
made a number of other assumptions, to allow for diffusional controlled growth. First, local 
equilibrium must exist at the interface, requiring that any interfacial processes happen so 
quickly that they do not contribute to a controlling process. Additionally, the oxide scale 
must be non-porous, coherent and adherent to the metal in order to disregard contributions 
from gas phase diffusion. The scale must have a low grain boundary density and contain very 
few dislocations, so that bulk diffusion far outweighs any short circuit diffusion. Starting with 
Equation 2.8 to describe the flux of the mobile species in the system (i.e. cations and 
electrons), and following a rigorous derivation, the parabolic rate constant kP, for example, in 
terms of the anions diffusivity DA, Wagner formulated the following: 
𝑘! = 1𝑅𝑇 𝐷!𝑑𝜇!!!,,!!,  (2.12) 
Where  𝜇!,  and 𝜇!,,  are the chemical potentials at the MO/O2 and M/MO interfaces, 
respectively.  
2.2.3.4 Short-circuit diffusion 
In addition to the lattice diffusional processes described above, diffusion can occur along 
oxide scale grain boundaries or other short circuit-defects such as dislocations. Diffusion 
along short-circuit defects is often much faster than bulk diffusion, particularly at low 
temperatures. Such diffusional processes are aided two-fold; the activation energy for 
diffusion along grain boundaries is much less in comparison to that of lattice diffusion; and 
oxides normally have a very small grain size, providing an abundance of transport paths [2]. 
Different studies have described how diffusion occurs along short-circuit transport paths 
through both anionic [17-19] and cationic species [20-22]. Short-circuit defects are 
particularly important because the relative diffusivities of both anions and cations is often 
much greater than that of lattice diffusion. In addition to these, cracks and pores that develop 
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during the scale growth act as a path for much faster gas-phase diffusion of the oxidising 
species [23]. Nickel oxidation provides a sound example of how cationic grain boundary 
diffusion influences oxidation rates. Atkinson et al [22] studied the oxidation of nickel at 
various temperatures to obtain parabolic rate constants. Up to about 1100°C, the experimental 
rate constants were several orders of magnitudes higher than those predicted assuming 
diffusion occurred through the lattice. However, application of a kinetic model that accounted 
for grain boundary diffusion produced values comparable to the experimental values. 
Conversely, 16O/18O tracer experiments carried out by Chevalier et al [18] show that oxygen 
transport through pores and micro-cracks contribute to the formation of a duplex oxide at 
temperatures below 800°C. However, both anionic and cationic grain boundary diffusion 
mechanisms operate simultaneously in Cr2O3 forming alloys [20]. Some investigations report 
the ability of reactive elements to suppress grain boundary diffusion of the transporting 
species through the scale. For example, segregation of Y at Cr2O3 grain boundaries during 
growth retarded both the Cr and O grain boundary diffusivities [20].  
2.2.4 Oxidation of Alloys 
2.2.4.1 Oxidation of multi-component, multi-phase alloys 
Most alloys of high-temperature commercial use contain a number of different components 
that result in the formation of at least two or more-phases. This reflects the need to maintain a 
balance between high-temperature mechanical properties as well as desirable oxidation 
resistance. Higher order alloys that contain two or more phases may exhibit oxidation 
properties worse than, intermediate to, or synergistically better than their individual 
component phases [12]. Despite the number of ternary and high-order alloys used in a 
number of high-temperature engineering applications, only a small amount of literature exists 
that deals with theoretical predictions of their oxidation behaviour [24-28]. In a similar 
approach to single phase alloys, a general classification for the oxidation of two-phase alloys 
also exists. Gesmundo and Gleeson [13] classified the oxidation behaviour into three distinct 
classes: (1) oxidation of both phases to form a two-phase oxide; (2) oxidation of both phases 
to form a single-phase oxide; (3) oxidation of a reactive secondary phase component, which 
acts as a reservoir for continuous scale growth. The situation depicted in Figure 2-4a arises 
when the two-phase structure oxidises independently and generally yields oxidation 
performance worse than the individual phases.  In some extreme cases, oxidation of the 
matrix phase occurs so fast that the precipitate phase is incorporated into the scale [13]. 
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Cooperative oxidation of both phases results in the oxidation mode observed in Figure 2-4b. 
The third of these (Figure 2-4c) represents an important phenomenon known as the “reservoir 
effect”. The second phase particles act a continuous source of solute for formation of a 
solute-metal oxide; such alloys include carbide dispersion strengthened steels [29] and Ni-
based alloys [5,30]. Dissolution follows when the solute atom concentration falls to levels 
below those necessary to maintain equilibrium between the matrix and the precipitate. 
 
Figure 2-4 Various oxidation reactions for a two-phase-binary alloy: (a) formation a two phase-oxide following 
uncooperative oxidation of both phases (b) formation of a single phase oxide (A, B)O following cooperative 
oxidation of both phases and (c) oxidation of the B-rich solute phase to form an exclusive scale of BO leaving a 
precipitate free zone immediately beneath the oxide scale.  
2.2.4.2 Internal oxidation  
In its simplest terms, internal oxidation is the process by which a gas-phase oxidant species 
dissolves in the alloy to selectively oxidise a less noble component. It proceeds when the 
solute concentration is inadequate to form an external scale or because external oxidation has 
resulted in solute depletion to the extent that internal oxidation proceeds. The critical 
parameters are the oxygen diffusion 𝐷! and oxygen solubility 𝑁! in the alloy; both should be 
large enough so that oxygen can dissolve and diffuse into the alloy. Internal oxidation, in 
most cases, follows parabolic kinetics, for which different analytical expressions exist for 
binary alloys, with [31] and without [32] external scaling. In general, internal oxidation obeys 
parabolic kinetics so that the depth of internal oxidation 𝜉 is described by [14]: 
𝜉 = 2𝛾(𝐷!𝑡)!! (2.13) 
Where, 𝛾 is a kinetic parameter and 𝐷! is the oxygen diffusivity in the alloy. In general, 𝜉 
will decrease with increasing solute diffusivity 𝐷! in the alloy and decreasing oxygen 
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permeability 𝑁!!𝐷! (𝑁!! is the oxygen solubility limit of the alloy). Wagner [31] developed 
two limiting cases based on the significance of the solute diffusion in the alloy, assuming that 
oxygen diffusion occurs through the bulk lattice. For these, a number of verifying examples 
exist, which are reported in reviews elsewhere [2]. There are, however, a number of examples 
reporting a departure from Wagner’s original postulate [33,34]. References [33,34] studied 
the internal oxidation behaviour of Ni-Al and Ni-Cr alloys for varying solute concentrations, 
reporting, contrary to the classical model [31], that 𝜉 depends on the nature of the solute 
element. The authors postulated that the disparity between their findings and the classical 
theory arose due to enhanced oxygen transport along metal-internal oxide interfaces of 
acicular precipitates orientated perpendicular to the surface. This type of oxygen transport 
was accounted for in calculations of the effective permeability 𝑁!!𝐷!,!"" using geometrical 
relationships based on microstructural observations of the internal oxide particles, which 
were assumed to show negligible oxygen diffusivity.  An additional aspect of internal 
oxidation is the preferential nucleation of internal oxides at metal grain boundaries, for which 
the kinetics can be some 103 times larger [33]. Heterogeneous nucleation, short-circuit 
diffusion paths and the lower levels of the required super-saturation make internal oxidation 
favourable at grain boundaries [35,36]. 
2.2.4.3 The Transition from Internal to External Oxidation  
The transition from internal to external oxidation in a binary alloy occurs if the alloy contains 
a minimum content NB* of the most reactive solute phase necessary for exclusive external 
oxidation. As the alloy solute content increases, so does the volume fraction f of the internal 
oxides, up to a critical fraction fBO* where inward oxygen diffusion is restricted, favouring 
external oxide growth [37]. This parameter normally takes a value of 0.3 after Rapp [38], 
who investigated the transition to external oxidation in Ag-In alloys. The transition from 
internal to external oxidation, is normally given by [14]:  
𝑁!∗ = (𝜋𝑔∗𝑁!𝐷!𝑉!2𝐷!𝑉!" ) (2.14) 
where 𝐷! is the solute diffusivity in the alloy, 𝑉! and 𝑉!" are the molar volume of the alloy 
and oxide, respectively and 𝑔∗ is a factor related to 𝑓!"∗ . Therefore, Equation 2.14 indicates 
that the value of NB* decreases with increasing solute diffusivity and decreasing oxygen 
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permeability in the alloy. Gesmundo and Viani [39] showed that the same expression holds in 
the presence of an external scale but noted that NB* increases with respect to the former case.  
Increasing the number of fast short-circuit paths in the alloy increases the solute diffusivity in 
the alloy and, therefore, provides a means by which the value of NB* can be lowered. 
Refining the alloy grain size is one of the simplest ways by which the number of short-circuit 
paths can be increased. For example, Wang [40] showed that by reducing the grain size of a 
normally chromia forming Ni-based alloy to sub-micron diameter range, it formed alumina 
instead. The alloy essentially requires a lower Al concentration to form protective alumina as 
a consequence of the higher Al diffusion rates along the grain boundaries. Surface treatments 
like shot-peening increase both the number of short-circuit paths and of surface defects 
[41,42]. This would not only increase the solute flux but also the number of preferential oxide 
nucleation sites. 
Ternary alloying elements can lower the critical concentration required to form an external 
scale of the solute atom through the “third element effect” [43]. The ternary element acts as 
an oxygen getter, which in turn, reduces the oxygen potential at the M/MO interface to a 
level lower than that if there were no ternary additions. The decreased oxygen potential 
lowers the oxygen flux in the alloy, allowing the solute atoms to diffuse to the surface 
without forming BO precipitates en route.  
2.2.4.4 The role of grain boundaries in the parent alloy  
Previous discussions have highlighted the importance of grain boundaries in the oxide and 
their influence on the diffusive transport in the scale. Equally important are the grain 
boundaries in the parent alloy itself. As previously discussed, reducing the grain size of a Ni 
alloy can effectively lower the critical solute concentration for exclusive external oxide from 
the less reactive solute element. This stems from the increased solute diffusion in the alloy. 
The ratio of the grain boundary jGB and lattice jL fluxes can be used to estimate the 
contribution from grain boundary diffusion [41]:  
𝑗!"𝑗! = 2𝑤𝑑! 𝐷!"/𝐷! !!   (2.15) 
where DGB and DL are the grain boundary diffusion and lattice diffusion coefficients of the 
solute, w is the grain boundary width and dg is the grain diameter. This equation simply 
implies that smaller grains will increase the overall diffusivity of the solute. However, 
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Trindade et al [44] demonstrated contrasting grain size effects in Cr containing steels so that 
smaller grain sizes may not yield better oxidation resistance. On the basis purely of weight 
gain, high Cr containing steels (>18 wt.%) showed decreasing oxidation resistance with 
increasing grain size (Figure 2-5a), whereas with low Cr containing steels (<2.25%) the 
oxidation resistance decreased with the alloy grain size (Figure 2-5b). In the former case, 
decreasing the alloy grain size promotes the effects described above. For the latter case, the 
detrimental grain refinement relates to increased inward oxygen diffusion and therefore, 
internal oxidation attack.  
 
Figure 2-5 Grain size effects during oxidation of Cr containing steels: (a) 18 wt.% Cr and (b) 2.25 wt.% Cr. 
Adapted from Trindade et al [44].  
2.2.4.5 Solute depletion during oxidation  
As stated previously, when an alloy selectively oxidises a secondary phase stabilising 
element, i.e. Al in the γ’- (Ni3Al), the near-surface region becomes depleted of the secondary 
phase. This can be detrimental to the alloys properties, as second phase particles regularly act 
as the dominant strengthening mechanism. If the diffusion of the solute atoms towards the 
surface is fast compared to the scaling, then the effects of depletion are of less significance 
(i.e. the supply of solute is not rate-limiting). However, if this is not the case, then the 
concentration steadily decreases and a depleted region forms (Figure 2-6). Naturally, the 
relative concentrations of the other elements increase, such that phase changes might occur 
[13,45]. Only a few theoretical treatments of the solute depletion exist with the aim of 
predicting the depth of precipitate depletion during the oxidation of a two-phase alloys 
[39,46,47]. From these, Carter et al [47] presented the most established description of the 
solute atom diffusion profile in the depletion zone. Such a theoretical analysis was 
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successfully applied to the oxidation of Ni-16Si and Co-19Si alloys to predict solute 
depletion with good precision [47,48]. A significant underestimate of the scale depletion 
depth manifests itself when applying the models in references [39,46] to the Ni-16Si alloys. 
Note that depletion of a secondary phase stabilising element does not necessarily induce 
phase changes. For example, Chyrkin et al [49] showed that Cr2O3 scale formation on alloy 
625 resulted in δ-phase depletion in the sub-surface. This was a surprising result considering 
that the δ-phase contains only a very small amount of Cr. Through a series of simulations 
using DICTRA and THERMOCALC, the authors attributed this effect to the Nb activity in 
the sub-surface falling to unfavourably low levels for δ-phase stabilisation in light of the Cr 
depletion.  
 
Figure 2-6 Solute depletion during the selective oxidation of a reactive secondary phase stabilising element. 
NB0, NBi and NBα are the solute concentrations in the alloy, the solubility limit in the α-phase and the M/MO 
interface composition, respectively. Adapted from reference [48]. 
2.2.4.6 The effect of surface treatment on oxidation  
The surface condition and the microstructure of the near-surface in the alloy can be critical to 
the overall oxidation performance of an alloy. Surface and near-surface modifications that 
increase both the number of critical nucleation sites and the diffusion paths for oxide forming 
elements are both beneficial and detrimental to the alloys oxidation performance. For 
example, Evans [50] studied the oxidation of the Ni-superalloy ME3, showing that the 
specific mass gain increased with initial surface roughness. Naraparaju et al [51] reported the 
effects of shot-peening on Cr containing boiler steels, showing that the Cr content and 
exposure temperature were both critical to the alloys oxidation performance. Figure 2-7 
shows the parabolic oxidation constants obtained using TGA for Cr-12 wt.% (martensitic) 
and Cr-18 wt.% (austenitic) steels, polished and shot-peened, between 700-750°C. Owing to 
the increase in short-circuit Cr diffusion paths, the Cr-18 alloys always demonstrate an 
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improvement in oxidation kinetics over the polished specimens. The Cr-12 steels only 
exhibited an improvement in the oxidation performance at 750°C. Although shot-peening 
increases the number of short-circuit diffusion paths in the Cr-12, the authors attribute the 
improved oxidation resistance in the SP alloy at 750°C to its ability to form a protective, Cr-
rich, spinel oxide. For Incoloy 800H, the SP alloy formed an external oxide with a thickness 
half that of the as-received specimen. As with the SP steels described earlier [51], the 
increased Cr flux through the refined microstructure explained this result. Another interesting 
feature of SP is the apparent mitigation of oxide spallation. The absence of Fe3O4 type oxides 
typically found on the as-received derivative reduces the effects of the thermal expansion 
mismatch. SP has little or no effect on the oxidation behaviour of the alloy coarse grain 
RR1000 [30]. At lower temperatures (~700°C) the SP oxidation kinetics outweighs those of 
the polished alloy; however, the oxidation kinetics are comparable at the higher end of the 
temperature range (~800°C). SP clearly influences the internal oxidation behaviour; whilst 
the depths of the internal precipitates are very similar, their apparent area fraction, without 
any quantification, appears to be visibly much greater. One possible explanation for this is 
the increase in the number of preferential internal oxide nucleation sites, i.e. dislocations and 
sub-grain boundaries. Additionally, the increased Al flux manifests itself by increasing the Al 
enrichment in the sub-surface to levels normally expected at higher alloy Al contents.  
 
Figure 2-7 Arrhenius plot of the oxidation kinetics based acquired using TGA for Cr-12 wt.% and Cr-18 wt.% 
steels in the polished and shot-peened condition. 
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2.2.5 Oxidation of Nickel based alloys 
2.2.5.1 Oxidation of the Ni-Al-Cr ternary system 
The composition of nickel-based alloys used for turbine applications normally permit for 
stable oxide formation of either α-Al2O3 or Cr2O3. The high vapour pressure of Cr2O3 at 
temperatures in excess of 1000°C makes it susceptible to volatilization as CrO3 gas [52], 
making it unfavourable at high-temperatures. However, in the context of this study, and for 
all disc alloys, this is not an issue as the disc experiences temperatures < 750°C. It is 
generally accepted that an alloy requires a minimum Cr content of 30 wt.% to have good 
oxidation resistance. Unfortunately, the number of other alloying elements (i.e. Al, Ti, Co,  
Ta and Hf) included in superalloy compositions, all required for excellent mechanical 
properties, often brings this value down to less than 20 wt.%.  
Before discussing the oxidation of various commercial superalloys, it is necessary to first 
consider the oxidation of the Ni-Al-Cr ternary system as this provides a good basis for most 
superalloys. The classic study by Giggins and Pettit [53] is by far the most recognised study 
on this alloy system as it provides a classification of these alloys into three distinct groups 
based on the oxides formed (suitably assigned Type I, Type II and Type III). Oxide maps, 
first introduced by Wallwork et al [54] are an effective way of presenting the different classes 
of oxidation behaviour. Therefore, Figure 2.2-8 shows Giggins and Pettit’s classification 
superimposed onto the ternary phase diagram for the Ni-Al-Cr system at 1000°C. Evidently, 
Type III alloys dominate the oxide map and that Type I and II oxidation proceeds when the 
alloy contain less than ~5 wt.% Al. Type I oxidation is characterised by an external scale of 
NiO with internal oxides of Al2O3, Cr2O3 or Ni(Al,Cr)2O4. The oxidation kinetics are 
generally an order of magnitude higher than for pure Ni because dissolution of either Al or Cr 
into NiO increases the Ni vacancy concentration in NiO.  
Type II alloys, owing to their low Al but high Cr content, form an outer scale of Cr2O3 with 
an exclusive internally oxidised layer of Al2O3 due to the selective oxidation of Cr and Al. 
The oxidation kinetics of this class of material is vaguely similar to those for Cr2O3 growth 
on Ni-Cr alloys. This class of alloys benefits from the Al “gettering” effect, which reduces 
the Cr content required for outer layer Cr2O3 formation. Type III alloys form an exclusive 
layer of Al2O3 with no internal oxides present. These alloys exhibit oxide growth kinetics 
substantially better than those of the two former cases, yielding the best oxidation resistance.  
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Figure 2.2-8 Compositional effects on the oxidation of the Ni-Al-Cr system mapped onto the temperature 
equivalent phase-diagram at 1000°C [53,54]. 
Figure 2-9 illustrates how the oxidation of Ni-Al-Cr alloys proceeds under steady-state 
conditions by one of three mechanisms defined by the alloy composition. At the beginning of 
the oxidation, there is always a transient period, whereby all of the components in the alloy 
are rapidly oxidised to form NiO and Ni(Al, Cr)2O4 oxides (Figure 2-9a). Following the 
transient period, oxygen diffusion in the alloy becomes important, Cr2O3, and Al2O3 quickly 
precipitate internally because of their superior stability over the transient oxides (Figure 
2-9b). Since  𝑝!!!"!!! < 𝑝!!!"!!!, the Al2O3 internal oxides form much deeper into the alloy at a 
lower oxygen activity. At the surface, NiO growth continues simultaneously until there is 
near-complete coverage of the surface (Figure 2-9c). Higher Al and Cr alloy contents that 
result in greater volume fractions of Al2O3 and Cr2O3 block the inward oxygen diffusion and 
an almost continuous sub-scale of internal oxide forms (Figure 2-9d). In Type II oxidation, 
the oxygen flux through the duplex layer of external and internal oxides suffices to allow 
further Al2O3 precipitation deeper into the alloy (Figure 2-9e). However, Cr diffusion 
progresses through the duplex layer to the surface to form Cr2O3. Oxidation reaches the 
steady-state when this layer becomes continuous and Cr diffusion along grain boundaries or 
via vacancies is rate-determining [20]. The oxidation of Type III alloys reaches steady-state 
conditions when an Al2O3 continuous layer forms at the alloy surface. Both inward anion and 
outward cation transport via vacancies, together with transport along grain boundaries, 
control the growth of this layer [55].   
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Figure 2-9 The different oxidation mechanisms of Ni-Al-Cr alloys showing the initial development of the 
transient oxides (a-b) before proceeding by the different types of steady-state oxidation (c-f).  
2.2.5.2 The Oxidation Kinetics of Various Chromia forming Ni-superalloys 
Reed [1] provides a comprehensive list of wrought superalloys and their respective 
compositions. Examination of this list reveals that most of the alloys contain around 15-20 
wt.% Cr, much less than that required for exclusive Cr2O3 formation. Furthermore, the Al 
content for the alloys listed does not exceed 5 wt.%. Thus, the alloy chemistry generally puts 
most wrought Ni-superalloys firmly in the Type II class, although the transient oxides differ 
from one alloy to another depending on the alloying additions. 
A number of oxidation kinetic constants, obtained using thermogravimetric analysis (TGA), 
are available for different chromia forming wrought Ni-based superalloys between 700-
1000°C [30,56-60]. TGA measurements provide a good comparison between different alloys, 
in particular for long exposures. Unfortunately, TGA measurements do not provide an insight 
into the specific kinetics relating to either the external or the internal oxidation individually. 
The weight gain can be thought of as a summation of the individual contributions from the 
transient, external and internal oxides. Relationships between TGA and thickness 
measurements do exist but are unreliable when the oxide formed contains more than one 
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phase. Spallation is also problematic in TGA measurements so that mass gains are 
unrepresentative of the true extent of oxidation. TGA measurements further assume complete 
uniformity across the sample, which is not necessarily true, in particular, at sample corners 
where stress concentrations exist. 
 
Figure 2-10 Arrhenius plot of the parabolic rate constants, based on mass gain measurements, for various 
wrought Ni-based superalloys oxidised in air between 700-1000°C.  
Using the data available in the literature, for various Ni-based superalloys, Figure 2-10 
compares the parabolic rate constants based on mass gain data [30,56-60] and further 
includes the kinetic data for pure chromia formation. Similar oxidation kinetics are observed 
for nearly all the alloys evaluated, with the exception of IN718, which demonstrates the 
slower oxide growth kinetics in comparison to any of the other alloys. Importantly, none of 
the alloys reported possess superior oxidation resistance over pure Cr2O3 formation. The 
increased oxidation kinetics compared to pure Cr2O3 formation stems from the additional 
alloying elements taking part in oxidation reactions. The dominant oxides that form during 
isothermal oxidation are Cr2O3, TiO2 and Al2O3.The relative stabilities (Cr2O3 < TiO2 < 
Al2O3) of these oxides imply that TiO2 and Al2O3 form beneath an external scale of Cr2O3. 
Other oxides to form include spinel oxides MnCr2O4 (IN718) [56] and NiCr2O4 (Astroloy) 
[61]. It is worth noting that the composition of IN 718 contains significantly smaller amounts 
of Ti and Al, as the strengthening precipitate phase in this alloy is the γ”-Ni3Nb and not the 
γ’-Ni3(Al, Ti). The lower concentrations of these elements may well explain the superior 
oxidation resistance of IN718 over the other alloys. Indeed, Pint [62] recently investigated the 
effects of Al and Ti contents for several model Ni-22Cr alloys during steam oxidation. 
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Although under steam oxidation, the results in Figure 2-11a conclusively show the 
detrimental effects due to the high combined Al and Ti contents. Figure 2-11b and Figure 
2-11c show examples of two commercially available alloys relative to the model alloys based 
on the Ni-Al-Ti system, demonstrating both higher scale growth and internal oxide 
penetration in Alloy 939. This example justifies the need to explore such behaviour in the 
superalloys used for turbine rotor applications.  
There is only a small amount of literature associated with external or internal scale growth 
kinetics in superalloys. Where available, for example references [3,5], the findings indicate 
that the scaling kinetics of either the external and internal oxidation do not necessarily adhere 
to a parabolic behaviour. Isothermal studies conducted by Sudbrack et al [5] on the alloy 
ME3 between 704-815°C show how the external scale and internal scale grow according to 
sub-parabolic (n = 3) and parabolic (n = 2) behaviour, respectively. Clearly, this discrepancy 
between the external and internal growth kinetics implies that the TGA results alone do not 
suffice. A complete understanding of the oxidation behaviour requires detailed measurements 
of other kinetic parameters based on external and internal scale measurements.  
 
Figure 2-11 The effect of Al and Ti content during steam oxidation (5000 hours, 800°C, 17 atm) of various Ni-
based alloys: (a) plot correlating Al and Ti content (in wt.%) with the mass gain per unit area, (b) and (c) show 
oxide cross-sections of  wrought 617 and cast alloy 939, respectively. Adapted from Pint [62]. 
2.2.5.3 Oxidation induced Microstructural changes in Ni-based alloys 
Section 2.2.4.5 discussed how the selective oxidation of a precipitate stabilising species can 
lead to secondary-phase dissolution. A number of wrought Ni-based superalloys reviewed 
here readily form Al2O3 and TiO2 oxides under normal oxidising conditions. Given that both 
Al and Ti partition preferentially in, and stabilise, the γ’- Ni3(Al,Ti) phase, it is unsurprising 
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that γ’-dissolution takes place in these alloys. Depletion is not exclusive to the γ’-phase, other 
phases affected include the δ-Ni3Nb phase [49] and Cr-rich M23C6 carbides [63].  
Recrystallisation is one of the main microstructural changes that occurs during oxidation of  
Ni alloys [64,65]. The nature of the recrystallisation process under oxidising conditions is not 
entirely clear in wrought alloys; however, local compositional changes rendering phase 
instability are plausible. For an alloy composition in the two-phase γ/ γ’ region, 
recrystallisation of the γ-phase occurs when the composition reaches that of the single-phase 
γ field. Examples in single crystal Ni-based alloys indicate that recrystallisation can occur 
without γ’-dissolution. For example, Bürgel et al [66], show that recrystallisation occurred at 
temperatures below the solution heat-treatment temperature so that no γ’-dissolution arises 
before recrystallisation. However, heat treatments in the γ/ γ’ field required much higher 
levels of cold work for recrystallisation in comparison to heat treatments undertaken above 
the γ’ solvus temperature.  
Regions containing large amounts of stored internal energy (i.e. in the form of dislocations 
due to cold-work) facilitate recrystallisation, as there is an additional driving force in light of 
a greater free energy reduction. Porter and Ralph [67] provide an explanation for nucleation 
and growth of recrystallised grains for highly deformed Udimet 720 in the absence of 
oxidation. The authors propose that recrystallisation takes place at high angle grain 
boundaries through sub-grain coalescence followed by strain-induced grain boundary 
migration. As the heat-treatment temperature is below the γ’-solvus and does not involve 
oxidation of γ’-stabilisers, a precipitate free zone does not form before the onset of 
recrystallisation. Instead, the γ’ dissolves in the high-angle boundaries of the recrystallisation 
front, where solubility and diffusivity are high, and discontinuously precipitates behind it.  
It is useful to quantify the depth of γ’- dissolution in a similar manner to the internal and 
external oxides. Sudbrack et al [5] showed that the γ’- dissolution layer extends ~0.15-1.0 µm 
deeper into the sample than the average Al2O3 internal oxide depth for exposures at 704-
815°C after 2020 hours.  The authors extend their analyses to show that γ’- dissolution obeys 
a sub-parabolic relationship (n = 3). Unfortunately, this appears to be the only example that 
has quantified the γ’-dissolution kinetics in these alloys, and therefore, highlights the need to 
extend such an analysis to similar alloys.  
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2.2.5.4 The effect of Mechanical Loads on the oxidation of Ni and its alloys  
Section 2.2.5.2  compared the oxidation kinetics of several Ni-based superalloys under 
classical oxidation conditions where the alloys formed protective external scales. Under 
normal operating conditions the oxides will experience stresses in the form of intrinsic 
growth stresses, thermal growth stresses due to differences in the thermal expansion of the 
oxides scale and the metal substrate, or stresses due to externally applied mechanical loads. 
Extensive reviews regarding the role of growth stresses and thermal stresses exist elsewhere 
[68,69] and do not form part of this discussion here on. However, the effects of externally 
applied mechanical loads during oxidation of Ni and its alloys has been less thoroughly 
investigated [70-75].  
An investigation into the effects of fatigue on the oxidation of RR1000 between 700-800°C 
showed that the effects of mechanical loads were both a function of temperature and applied 
stress [72,73]. Fatigue tests employed variable stress specimens allowing the authors to 
investigate different levels of applied stress using a single specimen at each temperature. For 
applied stresses between 100-670 MPa the following was observed. At 700°C the depth of 
internal oxidation did not change, at 750°C a difference of 0.5µm was recorded over the 
stress range; however, at 800°C, the average internal oxide depth increased by a factor of 
two. The aforementioned loading conditions did not affect the external scaling kinetics. 
These findings suggest that both a critical stress and temperature exist for the specified 
loading conditions. The authors attributed the extended internal oxidation depth to stress 
assisted oxygen diffusion along grain boundaries and simulated this using a finite element 
(FE) route assuming that the kinetics of the un-stressed specimens followed parabolic 
kinetics (although without experimental evidence). The model successfully predicted the 
results obtained experimentally; however, the model assumed that the diffusing oxygen did 
not form internal oxides, nor did the model incorporate external scale formation, as in the 
experimental findings. The model, therefore, inherently did not account for factors such as 
oxygen transport through the external and internal oxides, vacancy formation and secondary 
phase dissolution/recrystallisation.  
Reuchet and Remy [76] studied a Co-based superalloy tested under strain-controlled fatigue 
(0.03% ≤ Δε/2 ≤ 0.5 %) at 900°C, showing that the external oxide thickness increased 
linearly with the strain amplitude. Unlike other explanations, local fracture events in the 
scale, leading to exposure of the underlying alloy, described the accelerated kinetics. If this 
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mechanism does proceed then it is expected that the accelerated kinetics occur only after 
reaching the critical strain amplitude, which corresponds to the fracture strain of the oxide 
scale. However, the critical strain also decreases with increasing oxide thickness [77], and 
could easily vary over the length of the fatigue test as the oxide grows. In later work [78] on 
IN100 under similar fatigue conditions but at 1000°C, they discovered similar behaviour for 
the external scale with, and without fatigue cycling. The authors reported further that the 
internal oxidation behaviour followed t1/4 kinetics, unlike those assumed in reference [72,73]. 
Fatigue cycling had little influence on the internal oxidation behaviour, again, in contrast to 
the effects of load-control fatigue.  
2.2.6 Combined SIMS/ Isotopic tracing to study oxidation  
Previous discussions in this review have referred to the use of isotopic tracers, namely 18O2, 
for mechanistic studies of oxidation. Experiments based on the combined isotopic oxidation 
and subsequent secondary ion mass spectrometry (SIMS), readily allow for the examination 
of growth mechanisms during high-temperature oxidation of metallic systems. In a typical 
isotopic oxidation experiment, the metal or alloy is first oxidised in a controlled environment 
(normally a reaction chamber which can be evacuated) of research grade The sample is 
quenched, the reaction chamber evacuated, and 18O2 introduced into the reaction chamber for 
the latter stage of the oxidation process.  
Following the two-stage exposure, analysis of the sample utilises the SIMS technique to 
determine the 16O and 18O distributions within the oxide scale or bulk alloy. The advantage of 
SIMS is its ability to readily separate different isotopes of the same element, in this case, 16O 
and 18O. Furthermore, determining the relative quantities of the two oxygen isotopes in the 
sample does not require standards of known concentrations, otherwise necessary in 
quantitative SIMS analysis of dissimilar elements. This stems from the fact that 16O and 18O 
only differ in atomic mass but remain chemically identical so that the two have equivalent 
ionisation probabilities. On this basis, the relative quantities of 16O and 18O can be determined 
using mass spectra, depth profiling or elemental mapping. Out of these, depth profiling has 
by far been the most exhaustively used acquisition method by many different authors for 
various metallic systems [17,19,20,79]. However, the development of high-resolution 
Focused Ion Beam (FIB) SIMS makes elemental mapping a powerful and attractive tool for 
elucidating oxidation mechanisms [19]. 
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2.2.6.1 Characterisation of oxide formation mechanisms using depth profiling 
The principal mechanisms in oxide growth include: outward cationic growth, inward anionic 
growth and mixed cationic-anionic growth. These can be categorised further based on the 
dominant transport mechanisms, i.e. lattice and short-circuit transport, all of which are shown 
schematically in Figure 2-12 [55]. These describe an ideal 18O-   trace in the oxide scale based 
on experimentally obtained SIMS depth profiles following two-stage isotopic oxidation 
exposures.  
Figure 2-12a represents new 18O-enriched oxide formation at the MO/O2 interface resulting 
from dominant outward cationic growth with no inward oxygen transport. Figure 2-12 (b, c & 
d) shows that in the case of inward anionic oxide growth, three different profiles are possible 
depending on the dominant transport path. When inward growth proceeds through cracks or 
pores, a new 18O-rich oxide forms at the M/MO interface (Figure 2-12b). In Figure 2-12c, 
new oxide again forms at the M/MO interface but due to the main transport path being oxide 
grain boundaries, an 18O- distribution is also seen in the scale near the MO/O2 interface. No 
significant 18O enriched oxide forms at the M/MO interface when anion transport proceeds by 
much slower bulk diffusion (Figure 2-12d). Counter anionic-cationic growth is separable by 
two regimes, which are dependent on the paths taken by both the anions and the cations. If 
the anions and cations share the same paths (Figure 2-12e) it can be expected that a reaction 
product will form somewhere within the pre-existing scale during the second stage of the 
oxidation. If the two do not share the same paths (Figure 2-12f) then new reactions products 
form at both the MO/O2 and M/MO interfaces.  
Care should be taken when interpreting tracer profiles in oxide scales as a simple inspection 
of the profile may not necessarily reveal the nature of the ionic transport in the oxide scale, 
particularly when both cationic and ionic transport mechanisms operate. Distortion, such as 
stretching of the profile in the depth direction or a pseudo-tale in the diffusion profile, leads 
to certain features being easily mistaken for fast-diffusion mechanisms. As outlined by 
Alibhai [80], the main factors amounting to profile distortion include: (1) sample specific 
features such as large surface roughness or the presence of pores; (2) primary ion beam 
induced effects such as ion induced mixing or topography and (3) a combination of both of 
these.  
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Figure 2-12 Typical oxidation profiles following two stage isotopic oxidation experiments: (a) outward cation 
transport, (b) inward anionic transport via cracks, (c) inward anionic transport via grain boundaries, (d) inward 
anionic transport via lattice, (e) mixed anionic-cationic transport along the same paths and (f) mixed anionic-
cationic transport along different paths. Figure adapted from Chevalier et al [55].  
2.2.6.2 FIB-SIMS elemental mapping of tracer distributions in oxide scale  
FIB-SIMS elemental mapping provides an alternate method for analysing the 16O and 18O 
distributions in the thermally grown oxide with excellent lateral resolution owing to the 
extremely small beam diameters (<10 nm) achievable with liquid metal ion sources (LMIS) 
[17,19]. High resolution mapping of the 16O and 18O distributions, therefore, eliminates some 
of the ambiguity associated with the interpretation of depth profiles. Presenting the data 
contained within each map is not limited to 16O- or 18O- elemental maps and can be utilised 
further to produce depth profile of the two species. This is particularly important for samples 
possessing very rough surfaces or those suffering from ion induced beam topography, where 
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depth calibration becomes difficult. In addition to the mapping capabilities, the FIB-SIMS 
technique allows users to take advantage of the FIB milling and imaging capabilities. The 
milling capabilities make it possible to produce cross-sections for SIMS mapping in-situ, 
whilst FIB imaging in both secondary electron and secondary ion modes can generate 
detailed complimentary micrographs of the oxide and underlying metal microstructure.  
The playoff, however, between sensitivity (the minimum concentration required to produce a 
single count per data point) and resolution when implementing FIB-SIMS presents a 
significant drawback for this technique [81] as it is not possible to achieve high-lateral 
resolution maps without compromising the detection sensitivity or vice-versa. In addition, the 
poor ionisation probabilities due to the poor reactive nature of the Ga+ ion-sources regularly 
employed by FIB instruments, compromises the sensitivity further. However, recent 
developments [82] describe strategies to improve the sensitivity of FIB-SIMS, at least for 
positive ion detection, through chemical modification of the surface by in-situ ion 
implantation. 
Nevertheless, Ngan et al [19] give an excellent example of applications of FIB-SIMS in 
oxidation studies. Two-stage isotopic oxidation experiments were performed on the Ni-based 
superalloys CMSX4 and CMSX-La both of which were coated with a Pt-aluminide.  Figure 
2-13 shows the FIB-SIMS elemental maps of the 18O- signal for the two respective alloys 
after 24 hours oxidation in 16O2 followed by 96 hours in 18O2. The SIMS maps reveal some 
interesting features with respect to the oxidation of these alloys. First, the maps reveal 18O-
enriched oxide grain boundaries, indicating inward grain boundary oxygen diffusion during 
oxide growth. Moreover, the inward transport results in new oxide formation at the 
substrate/oxide interface where there is an abundant supply of Al from the bond coat 
material. The relative 18O enrichment at the interface varied with time according to a 
parabolic relationship, demonstrating that the new oxide grows according to parabolic 
kinetics. Figure 2-13b reveals suppressed 18O enrichment at the bond-coat/oxide interface of 
the La-doped alloy, suggesting that the La retards the inwardly diffusing oxygen. This study 
clearly highlights the proficiency of the FIB-SIMS mapping technique and its use an effective 
tool for determining transport mechanisms during oxide growth without ambiguity.   
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Figure 2-13 FIB-SIMS elemental mapping of 18O- after two-stage isotopic oxidation (1st stage 24 Hrs 16O2/ 2nd 
stage 96 Hrs 18O2): (a) CMSX4 and (b) CMSX4-La. Figure adapted from Ngan et al [19]. 
2.3 High-temperature Fatigue of Ni-based superalloys   
2.3.1 Fatigue crack initiation  
Fatigue crack initiation at intermediate temperatures is often associated with defects or 
microstructural discontinuities at the surface or near-surface [83]. Such defects or 
discontinuities form during the machining or polishing. Other defects such as brittle phases, 
voids or grain boundaries are also responsible for initiation.  Crack initiation can be different 
for each material and can largely depend on its composition, which inherently dictates the 
sensitivity in a given environment. Under oxidising conditions, nickel-based superalloys will 
form protective scales that will prevent further corrosion. Scale brittleness and deformation 
during loading can often result in fresh metal being exposed which may be another source of 
initiation. For a number of superalloys, a number of different modes of crack initiation have 
been observed. To date, these include, initiation due to slip band cracking [84,85], cracking 
along preferentially oxidised carbides [86-90], porosities and inclusions located at the surface 
[91,92].  
2.3.2 Fatigue crack propagation (FCP) 
The crack growth of Ni-superalloys at intermediate temperatures has been studied extensively 
and has been regarded to be controlled by a number of different mechanical variables. FCP 
data is normally in the form of fatigue crack growth rate (FCGR) per cycle 𝑑𝑎/𝑑𝑁 as a 
function of the stress intensity factor range ∆𝐾 curves. Factors believed to influence FCP 
include; temperature, load ratio, waveform, microstructure and frequency. Classification of 
the relationship between frequency and FCP leads to three distinct crack growth regimes: 
time-dependent, cycle-dependent and mixed cycle/time dependent crack growth [93]. At 
higher frequencies, the crack growth is predominantly transgranular as normal fatigue 
mechanisms dominate [94]. Descriptions of FCP at intermediate temperatures and lower 
frequencies use both creep and oxidation. For a given set of conditions, it is well established 
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that the FCP in air is significantly higher than that in vacuum [95-97]. Dalby and Tong [6] 
demonstrated the effect of waveform (e.g. triangular or trapezoidal) showing that higher 
FCGR’s manifested when incorporating slow ramp rates and long dwell times into the 
loading cycle. The microstructural influence can be the divided into smaller sub-categories, 
which include; alloy chemistry, grain size, 𝛾′ size and distribution. The role of the 
environment and microstructure will form a part of further discussions.    
2.3.3 Creep 
Creep describes the time-dependent failure of materials under sustained loads. Temperature 
and the magnitude of the applied load influence the creep behaviour of a metal. For most 
metals, the creep only becomes important at temperatures > 0.4TM, where TM is the melting 
temperature of the alloy. The onset of creep failure in polycrystalline alloys is characterised 
by void growth and coalescence at grain boundaries [98]. At high temperatures and stresses 
creep fracture occurs through grain boundary triple-point cracking and growth continues 
through grain boundary sliding. At low stresses, but maintaining high temperatures, creep 
cracking entails cavity formation and growth. Cavities form by grain boundary sliding, which 
occurs preferentially at grain boundaries perpendicular to the tensile axis [98]. Cavitation is a 
diffusion-controlled process involving diffusion of vacancies from the matrix to the cavity 
surface and, therefore, depends on both time and temperature. Hull and Rimmer [99] 
conducted early experiments on polycrystalline copper wire showing that the activation 
energy for creep was equivalent to that of grain boundary diffusion, inferring this is in fact 
rate-controlling mechanism. It is unsurprising for creep cracking to proceed intergranularly 
since both triple-point cracking and cavity formation involve grain boundary sliding. In 
further discussions, creep damage will prove to be both detrimental and advantageous. Creep 
void growth and coalescence act to enhance crack propagation, whereas the voids themselves 
can also blunt the crack tip and retard crack growth. Creep mechanisms become more 
prominent as the cyclic frequency decreases or when the load cycle incorporates a dwell 
period.  
Environmental interactions can play a significant role during high temperature creep of Ni-
based superalloys. Calvarin et al [100] suggest that oxidising environments can be both 
beneficial and detrimental to the creep resistance. Increased creep resistance may result from 
internal oxide precipitates because the alloy behaves an oxide dispersion strengthened alloy. 
However, vacancy injection due to external oxide growth will be detrimental as it promotes 
 42 
dislocation climb.  Oxygen-rich environments undoubtedly have a significant influence on 
the creep crack growth behaviour of Ni-based superalloys. One proposed mechanism for the 
alloy IN718 suggests grain boundary voids ahead of the crack tip link together through 
oxidation at preferential sites along the grain boundary [101]. This mechanism seems 
plausible given the earlier observations of Floreen and Kane [102], who reported multiple 
cavities along the fracture surface. Microstructural control through various heat treatments 
can reduce the deleterious effects in oxidising environments. Hayes [103] and Unocic et al 
[104] studied the role of various heat-treatments for ALLVAC 718Plus. The authors argue 
that increasing the number of dislocations promoted creep resistance in air because the 
dislocations compete with high-angle grain boundaries for oxygen (i.e. this would limit the 
extent of grain boundary embrittlement). Additionally, special boundaries portrayed more 
resilience to grain boundary cracking by oxygen embrittlement. An important feature of creep 
in polycrystalline superalloys, unrelated to oxygen embrittlement, is the apparent 
asymmetrical loading behaviour.  
2.3.4 Dwell loading  
When considering the term “dwell” in fatigue, it refers to a period of sustained constant load 
at either the maximum or the minimum load within the fatigue cycle. In order to visualise 
this, Figure 2-14 provides schematic comparisons of dwell, triangular and trapezoidal 
waveforms.  
The effects of dwell have been widely investigated and there are now many examples in the 
literature show significant increases in FCGR’s during dwell fatigue loading [6,7,10,103,105-
107] and at minimum [4,8,108] load. For these, the majority of failures have occurred by 
inter-granular crack propagation but some examples also exhibited both trans-granular 
initiation and growth. The findings of Wei and Huang [105] provide a good example of 
dwell-fatigue effects in oxidising and inert (argon) environments for polycrystalline 
superalloys between 600-700°C. In short, for both atmospheres, the FGCR increased linearly 
with the length of dwell, with crack growth rates being much higher in the oxidising 
environment. The authors proposed that two different mechanisms operated to enhance crack 
growth rates depending on the environment. In the oxygen-rich environment, FCG proceeded 
by environmentally enhanced crack growth mechanisms, whereas creep mechanisms 
dominated in the argon environment.  
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From the earlier work of Floreen and Kane [102] to more recent studies on emerging alloys, 
FCGR’s under dwell seem to be consistently higher. Moreover, the slower crack growth rates 
coincide with a change from predominantly intergranular to transgranular growth. These 
modifications to the crack growth mechanism in part explain the role of environment during 
dwell-fatigue. Humidified atmospheres would also appear to have an even greater life 
limiting role under dwell [103]. V-notch tests conducted on ALLVAC 718Plus used to 
simulate dwell in “moist” air yielded an apparent activation energy for grain boundary 
fracture of 39.8 kJ mol-1, a factor of six smaller than in dry air [103]. This apparent activation 
energy is close to that for hydrogen diffusion in Ni; however, the method used to estimate the 
hydrogen penetration, namely taking the hydrogen diffusion length as the depth of inter-
granular fracture, questions its credibility.  
A more surprising feature of dwell-fatigue is the reduced fatigue life at zero or minimum load 
[109-111]. It is noted that references [109-111] all used notched specimens with almost 
identical stress concentration factors (kt = 1.9-2); however, the use of different hold times and 
load ratios indicates that this is a global phenomenon. Whilst it is easy to appreciate that 
holds at the maximum load will readily influence FCGR’s, a hold at a minimum load is less 
obvious as one would, at first, expect FCGR’s to be less. This behaviour is best explained by 
referring to the recent findings of Telesman et al [8]. Fatigue tests were conducted using 
notched specimens of the alloy ME3 at 703°C with fatigue cycles inclusive of a 90s dwell 
period at minimum and maximum load, in air and vacuum. In the oxidising environment, 
samples tested at the minimum dwell period experienced a greater life debit than those tested 
at maximum dwell, even though the crack growth mechanism was partially transgranular. 
However, fatigue lives were similar for vacuum tested specimens. Finite element modelling 
(FEM) of the notch root stresses showed very little relaxation of the notch root stresses 
during loading unlike the maximum dwell tests where significant relaxation took place. 
Therefore, whilst both specimens will have experienced the same contribution from 
environmental effects, the higher mean stresses in the notch root of the minimum dwell 
specimens led to early crack initiation over the maximum dwell specimens. Confirmation of 
this mechanism requires interrupted fatigue testing and subsequent analysis of the notch root. 
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Figure 2-14 Comparison of (a) dwell (1-X-1-1), (b) balanced triangular (X-X) and (c) trapezoidal fatigue 
loading waveforms (X-X-X-X). The cycles are denoted by (t1-t2-t3-t4), where, t1 = ramp up time, t2 = hold time 
at maximum, t3 = ramp down time and t4 = hold time at minimum. In the case of a balanced triangular waveform 
t1 = ramp up time and t2 = ramp down time.   
2.3.5 Environmentally enhanced fatigue crack growth  
Sections 2.3.3 and 2.3.4 introduced the detrimental role of environmental species played in 
environmentally enhanced fatigue crack growth (EEFCG) during dwell fatigue loading or 
creep at temperature. Oxygen attack leads to an abrupt change in the fracture mode from 
transgranular to intergranular, so as to increase FCGR at a given stress intensity [109,110]. 
The role of other species such as SOx, should not be disregarded [59]. Most cases report that 
crack growth rates at least an order of magnitude less in inert environments in comparison to 
oxygen enriched environments [102,105,108]. Oxygen is thought to penetrate at the crack tip 
and oxidise the material in this region or diffuse further into the grain boundaries where it 
reacts to form either gaseous or embrittling species. Others speculate that oxygen does not 
react at all but simply causes grain boundary decohesion [111-117]. Irrespective of which 
mechanism is operating, oxygen it is thought reduce the ability of the material to 
accommodate stresses resulting in a reduction in ductility [83]. Rapid fatigue crack growth 
rates follow from the loss in ductility. It is the contrasting interpretations of the role of 
oxygen in the vicinity of the crack tip which have led to the exact mechanism and extent of 
embrittlement and, therefore, EEFCG, becoming unclear.  
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2.3.5.1 Crack tip oxidation mechanisms   
An early theory proposed by Woodford and Bricknell [118] suggested that the oxygen 
diffuses ahead of the crack tip into grain boundaries where it causes grain boundary pinning. 
This pinning prevents deformation by slip or grain boundary sliding. As a result, wedge 
cracks and cavities form at triple points and along boundaries, which act as stress 
concentrators to form cracks that link-up around grains. The formation of these cavities was 
further described by the evolution of CO and CO2 gases during oxidation of grain boundary 
carbides [119]. These gases bubbles act like discrete cavities, similar to, but smaller than 
those typically observed during creep. The mechanism reduces the ability of the alloy to 
relieve stresses due to grain boundary sliding. Given the temperature (1000 ˚C) of these 
observations, this is not the effective mechanism as it is not comparable with normal 
operating conditions experienced in-service.  
Andrieu et al[120] suggested that short-range oxygen diffusion into the crack tip followed by 
the formation of an oxide layer leads to EEFCG. With a normal concave crack tip geometry, 
the formation of this layer induces high stresses to occur, and these stresses cause the layer to 
break-down, accelerating the crack growth rate. An accelerated crack growth is observed 
upon rupture of these wedges at the intersection of the grain boundaries. Andreiu et al [120] 
provided an explanation of the wedge chemistry for IN718. First, an initial, non-protective 
layer of the spinnel oxide Ni(FeCr)2O4 forms followed by a protective layer of Cr2O3. 
Effectively, the rate of crack growth dictates the time for this layer to form, specifically, the 
slower the build up of Cr2O3, the faster the crack propagation. This implies that a Cr2O3 
passivation effect exists.  
Molins et al [121] carried out further investigations using the alloy IN718 and described 
EEFCG in terms of nickel oxide scale growth at the crack tip. Diffusion of nickel cations 
from the crack tip occurs, and thus there is a flux of cations in one direction and vacancies 
into the crack tip. This injection of vacancies into the grain boundary ahead of the crack tip 
promotes the intergranular cracking. The same authors reported the effects of switching 
between oxidising and vacuum environments. Introducing oxygen at the start of the loading 
cycle exacerbated the crack growth resistance in comparison to tests where the introduction 
of oxygen took place at the end of the dwell period. The deleterious effects of oxygen 
embrittlement proved ineffective at the end of the cycle as a significant amount of stress 
relaxation had already taken place. A further outcome from [121] is the role of oxygen partial 
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pressure. It was shown that for oxygen partial pressures below 𝑝!! = 10-3 mbar there was no 
EEFCG; above this there was an increase in the FCGR by three-fold. Therefore, a minimum 
oxygen partial pressure exists for EEFCG, which is likely to be dependent on the material 
and microstructure.  
In further recognition of EEFCG, Gao et al [122-124] claimed that the intergranular cracking 
in IN718 resulted from a brittle niobium oxide (Nb2O5) film, which formed at grain 
boundaries due to the initial segregation of niobium at grain boundaries and the accelerated 
diffusion of oxygen. The oxygen transport and subsequent oxidation was measured using X-
ray photoelectron spectroscopy (XPS). They proposed that Nb2O5 forms during the 
preferential oxidation of niobium carbide (NbC) and 𝛾’’ (Ni3Nb) species. The brittle Nb2O5 
thus reduces the ductility of IN718 in the form of rapid intergranular cracking along the 
effected grain boundaries. The authors in reference [123] proposed an environmental 
sensitivity factor (ESF), the ratio of the environmentally enhanced FCGR to the inert FCGR. 
Based on the Nb content, an increase in the ESF of 104 was realised for 0 ≤ Nb(Wt. %) ≤ 5,  
Miller et al [125,126] continued the idea of preferential Nb oxidation by completing similar 
experiments to those in [122-124] and again used XPS. A direct comparison between Nb and 
non-Nb containing alloys was made. Fracture surfaces of Nb-free alloys were rich in Ti and 
Al whilst preferential oxidation of Nb was again realised in the Nb containing alloys.  
Oxidation of Al and Ti this time resulted from 𝛾’ (Ni3(Al, Ti)) segregation at grain 
boundaries. The authors in reference [125,126] claimed to have quantified the extent to which 
oxygen penetrated ahead of the crack tip. Their findings identified oxygen penetration to be 
around 100 µm for 973 K at 60 MPa m1/2; however, there is reason to doubt the value quoted. 
Doubts can be raised based upon the following reasoning. The XPS used an analysis region 
of 75 µm × 400 µm, in order to achieve an appreciable signal. Inspection of Fig. 4 in 
reference [126] provides an estimate of 75-125 µm for the size of the XPS analysis region 
itself without this information. The size of the analysis region limits the lateral resolution and 
manifests itself in the experimental results. De Souza [127] considered the effect of primary 
ion beam width in SIMS line-scan analyses of oxygen diffusion profiles and concluded that 
discrepancies between the observed and true profiles were seen when the beam FWHM was 
greater than 10% of the diffusion length. Given that the estimated XPS resolution is of same 
order of magnitude as the reported penetration distance, the observed profile is likely to be a 
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convolution of the true lateral distribution and a resolution function. Therefore, the error is 
likely to be much higher than that of the author’s estimates of ±10 µm .  
The most recent studies on RR1000 [128], ALLVAC 718Plus [129] and IN718 [130] have 
indicated that the presence of a grain boundary intrusion ahead of the crack tip resulted in 
increased FCGR’s in oxidising environments. In each example the nature of the oxides were 
subsequently determined using detailed characterisation of the oxide nodules ahead of 
arrested cracks formed during interrupted fatigue or sustained loading tests. For the alloy 
RR1000, Kitaguchi et al [128] studied the formation of oxide intrusions ahead of a pre-grown 
crack tip (f = 10 Hz) at 650°C followed by a hold-time period above (K > KTH) and below (K 
< KTH) the critical stress intensity factor (KTH) for five hours. Two cases were examined for 
K ≤ KTH, with one at K = 0.9KTH and the other K ≈ 0. TEM EDS analysis determined that a 
mixture of NiO, CoO, Cr2O3, TiO2 and Al2O3 oxides, in this order towards the crack tip (i.e. 
of increasing thermodynamic stability), made up the oxide nodule. Surprisingly, larger oxide 
penetrations grew under sub-critical conditions compared to the dynamic crack growth where 
the inclusion penetrated to a distance equivalent to grain size of the alloy. However, the 
additional oxides that made up the increased nodule length were protective Cr2O3 and Al2O3 
layers along both the flanks and at the tip of the intrusions, and these will have prevented 
further oxygen penetration. Under dynamic growth, such layers did not form, therefore 
allowing oxygen to penetrate the grain boundary ahead of the crack. Given that Al and Ti 
exist and act as oxygen getters, the possibility of long-range oxygen diffusion seems unlikely. 
Viskari et al [129,130] reported similar results for two alloy 718 derivatives, again showing 
layered oxides based on thermodynamic stability, but of slightly different chemistry due to 
slight different alloy compositional differences. In the later of these two articles, they also 
introduced isotopic tracers during fatigue, utilising a 16O2/ 18O2 (1:1) gas mixture during the 
sustained load tests at 700°C. Subsequent detection and analysis of the tracer atom used 
NanoSIMS and atom probe-tomography (ATP). The NanoSIMS results appeared to provide 
no further information; however, the ATP results exhibited potential oxygen penetration via 
fast-diffusion paths ahead of crack tips.  
Whilst these results and those in reference [128] describe the role of oxidation during crack 
growth seemingly well, the feasibility of the testing methods should be questioned. First, both 
examples involved growing the initial fatigue cracks under conditions unrepresentative of the 
subsequent hold-time conditions. A more holistic methodology would have used conditions 
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to form the initial fatigue crack that matched those of the second-stage loading conditions. 
Second, the authors in reference [129] used an 18O2-enriched gas to study the oxygen 
distribution in the arrested crack. However, no time scales were given for the initial crack 
growth and furthermore, there appeared no rigorous attempt to ratio the 16O- and 18O- 
distributions, which would have allowed for quantification of the oxygen enrichment during 
crack growth.  
2.3.5.2 A model for stress assisted grain boundary oxidation 
Evans et al [131] recently proposed a model for stress assisted grain boundary oxidation 
(SAGBO) based on their recent results for RR1000 under the hold time-conditions previously 
described [128]. The model formulated provides reasoning for the finding that intergranular 
oxide intrusions ahead of stationary cracks penetrate GB’s at a higher rate than the same 
oxides grow on free surfaces. For example, loading of RR1000 at 650°C for five hours with 
K = 0.9KTH led to a Cr2O3 enhancement ratio of 17.6 when compared to the free surface 
oxidation estimations for the Ni-20Cr alloys. An explanation for this anomalous result, with 
the aid of Figure 2-15, recognises that the presence of an oxide intrusion ahead of a crack tip 
will affect the local stress due to volume change. Most importantly, Figure 2-15 shows how 
the oxide intrusion produces a compressive stress in the region of the crack tip, which 
becomes tensile towards the tip of the intrusion. The stress distribution shown is purely a 
schematic illustration of how the out-of-plane normal stress might appear. This stress 
distribution acts to impose a drift on the migrating species within the oxide or to change the 
boundary conditions at either x = 0 or x = l. Oxygen must diffuse through the intrusion to the 
crack tip for it to grow inwardly. Assuming that oxygen diffuses via anion vacancies in the 
oxide lattice (i.e. Equation 2.10), the one-dimensional vacancy flux 𝐽!   under stress 𝜎 and 
concentration 𝐶! gradients follows: 
𝐽! = −𝐷! 𝜕𝐶!𝜕𝑥 − 𝐶!Ω!𝑘𝑇 ∂σ∂𝑥    (2.16) 
where 𝐷! is the vacancy diffusion coefficient, Ω! is the volume difference of an oxygen ion 
its vacancy, x is the distance along the intrusion and k and T  have their normal meanings. 
Evans argued that the second term in Equation 2.16 had little effect on the flux but the largest 
effect arose from the influence of local stress on the diffusion boundary conditions at the 
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crack and intrusion tips. Therefore, the influence of the local stress on the concentration of 
vacancies  (𝐶!)! can be written as: 
  (𝐶!)! =   (𝐶!)!exp  (𝜎Ω𝑘𝑇) (2.17) 
where (𝐶!)!  is the stress-free equilibrium vacancy concentration and Ω is the volume change 
due to oxide formation. Note that this analysis ignores the use of a hydrostatic stress 
component and limits the stress to that of the normal at the interface. With this in mind, the 
volume change due to oxide formation completely manifests itself in this normal direction, 
which itself is in the direction of the applied tensile stress. The Pilling-Bedworth ratio Φ 
relates the total volume change  Ω to the volume of the metal atom in the alloy by  Ω!  by [69]:  
Ω = Ω!(Φ− 1)   (2.18) 
Assuming that the flux of vacancies along the intrusion follows Fick’s first law, in the 
presence of an intrusion-induced stress, the vacancy flux takes the form:  
(𝐽!)! ∝ 𝐷!𝑙 𝐶!" exp 𝜎!"Ω𝑘𝑇 − 𝐶!" exp 𝜎!"Ω𝑘𝑇  (2.19) 
where 𝐶!"  and 𝐶!" are the stress-free intrusion and crack tip vacancy concentrations, 𝜎!"  and 𝜎!"  are the normal stresses at the intrusion and crack tips. The stress-free vacancy 
concentration depends inversely on the oxygen partial pressure  𝑝!!, according to a power-law 
relationship, as in Figure 2-15, so that 𝑝!! is much lower and   𝐶! is much higher at the 
intrusion tip. Moreover, based on the formation of various oxides that make up the intrusion 
in RR1000, Kitaguchi et al [128] recognised that this value could vary over several orders of 
magnitude. In any case the presence of 𝜎!"  and 𝜎!" enhances the outward flux of vacancies, 
which in turn, increase the length of the oxide intrusion. In other words, Equation 2.19 
describes the SAGBO effect. If 𝐽! ∝ 𝑙 then, given the large difference expected in the 
vacancy concentration between the intrusion and crack tips, Equation 2.19 reduces to: 
(𝑙)! ∝ (𝐽!)! ∝ 𝐷!𝐶!"𝑙 exp 𝜎!"Ω𝑘𝑇  (2.20) 
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with (𝑙)!   the increased rate of intrusion growth under stress. The value of 𝜎!" will change 
depending on the length of the intrusion; nevertheless a SAGBO parameter 𝑆! can be defined 
by [131]:  
𝑆! = 𝑙 !𝑙 ! = exp 𝜎!"Ω𝑘𝑇  (2.21) 
Thus, the above provides an estimate for the ratio of the intrusion growth rate in the stressed 
and unstressed state. Automatically, one can infer directly from the above, that compressive 
stresses will decrease, whilst a tensile stress will increase, the intrusion growth rate, relative 
to the unstressed state. Evans et al applied this to oxide intrusions of NiO and Cr2O3 showing 
how the formation of the latter results in significantly greater intrusion growth rates because 
of the greater associated volume change. This result agrees with the findings of Kitaguchi et 
al [128]. 
 
 
Figure 2-15 Variation of normal stress along an oxide intrusion (0 ≤  x ≤ l) for a stationary crack tip adapted 
from Evans et al [131].  
2.3.5.3 Dynamic embrittlement (DE) 
A number of reports have postulated that the slow oxidation kinetics of Ni-based alloys at 
their operational temperatures do not permit an embrittlement process involving oxidation 
[111-113,115]. Dynamic embrittlement is an alternative mechanism that does include 
intergranular cracking through selective oxidation of grain boundary species (Figure 2-16). 
The theory postulates enhanced diffusion of the adsorbed oxygen under applied tensile 
stresses ahead of the crack-tip. The oxygen atoms lower the grain boundary cohesive 
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strength, which will ultimately rupture under the tensile stress. Evidence included un-
oxidised grain boundary facets, oxidation only occurring on fracture surfaces behind the 
crack and the ability to effectively start and stop the embrittlement process by quickly 
removing the oxygen from the load chamber. 
 
 
 
Figure 2-16 Schematic of dynamic embrittlement showing the grain boundary “embrittled zone” ahead of a 
growing crack tip due to inward diffusion of the embrittling species under stress. Adapted from Xu and Bassani 
[132]. 
Initial observations of DE were made in many different systems including; sulphur–induced 
cracking in low alloy steels [133], tin-induced embrittlement of Cu–7% Sn bi-crystals [134] 
and boron-doped Ni3Al alloys [116]. In reality, two DE type processes can operate and differ 
on the basis of the embrittling species being indigenous to the alloy or the exposure 
environment. For example, sulphur and tin make up the embrittling species in steel [133] and 
copper [134] alloys, respectively. In the case of the boron-doped Ni3Al system, the 
embrittling oxygen originates from the environment. The mechanism is almost analogous to 
diffusion–controlled creep–cavity growth, as described by Hull and Rimmer [99]. It differs 
only in that the migrating atoms are the actual matrix atoms themselves. The driving force 
remains the same: a reduction in the atoms chemical potential occurs when it enters the grain 
boundary from the cavity surface.  Figure 2-17 provides a comparison between dynamic 
embrittlement and creep cavity growth. 
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Figure 2-17 A schematic comparison of (a) the creep-cavitation mechanism as described by Hull and Rimmer 
[99] and (b) the dynamic embrittlement mechanism as described by Bika and McMahon [135,136]. 
Bika and McMahon [135,136] have sufficiently documented the mechanism for DE, which 
will now be described here. In short, the model postulates stress assisted diffusion of oxygen 
into a region of increasing tensile stress, such as a crack tip. The oxygen diffuses along grain 
boundaries ahead of the crack tip where it promotes de-cohesion and accelerates the 
intergranular cracking growth rate. The stress may be considered as the driving force for 
enhanced oxygen diffusion into the crack tip.  
Following the works of Bika and McMahon [135,136], the following derivation describes the 
stress assisted grain boundary diffusion. In the presence of a stress  𝜎, the chemical potential 𝜇 
of an atom of volume Ω moving from a free surface to the interior of a solid reduces 
according to:   
∆𝜇 = −Ωσ (2.22) 
According to Equation 2.22, the maximum reduction takes place if the chemical potential of 
the diffusing species occurs at the crack tip where the stress reaches its maximum. This in 
turn leads to a diffusive flux 𝐽,  as described by: 
𝐽 = 𝐷Ω𝐶𝑘𝑇 ∇𝜎 (2.23) 
where 𝐶 is the concentration of the diffusing species, 𝑇 is the absolute temperature and 𝑘 is 
the Boltzmann constant. This effectively leads to a modification of Fick’s second law which, 
such that the diffusion of the embrittling species includes a tensile stress is given by: 
(a) (b)
embrittling 
species
Crack Tip Crack Tip
σ
σ
σ
σ
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𝜕𝐶𝜕𝑡 = 𝐷!" 𝜕!𝐶𝜕𝑥! − 𝐷!"Ω𝑘𝑇   ∂∂𝑥   𝐶 𝜕𝜎𝜕𝑥    (2.24) 
where 𝐷!" is the grain boundary diffusivity and 𝑡 is the time. Note that this has equivalent 
form to Equation 2.16, previously used to describe the vacancy flux during SAGBO. 
Equation 2.24 applies Fick’s second law to the stress assisted diffusion and refers to the 
diffusion of an oxygen ion and not an oxygen vacancy. Xu and Bassani [132] applied a 
steady-state model to Equation 2.19 to yield a mathematical description of the embrittling 
species concentration, as given by: 
𝐶 = 𝐶!𝑒𝑥𝑝 − 𝑣𝐷!" 𝑥 + 𝐷!"Ω𝑘𝑇 𝜎(𝑥)− 𝜎!  (2.25) 
where  𝐶! = 𝐶 𝑥 = 0 , 𝑣  is the crack velocity and 𝜎! is the normal stress at the crack tip. 
When the concentration of the embrittling species is zero, the boundary maintains its nominal 
strength; increasing the concentration of the embrittling species decreases the boundary 
strength. Since 𝜎 implicitly depends on  𝐶, Equation 2.25 requires further analysis for 𝜎(𝑥) as 
this term will vary with embrittling species concentration [132]. An estimation of the distance 
travelled by the oxygen during dynamic embrittlement can be made using crack growth data 
for IN718 [111]. Using kT = 1.27 x 10-20 J, ΩO = 9.04 x 10-31 m3 and D = 2.9134 x 10-14 m2 s-1 
[137] gives 𝐶(𝑥) = 𝐶!exp  (−1.03×10!𝑥 + 0.073) assuming that  𝜎(𝑥)− 𝜎! is close to the 
yield strength of IN718 (𝜎! = 1027 MPa). For 𝐶 𝑥 = exp  (0.073)  to fall to 𝐶 𝑥 =   𝐶!/𝑒 
(i.e. to less than half of the starting concentration) requires that 𝑥 = !.!"#!!!!.!"×!"! = 9.5×10!!"m. Such a small distance requires materials characterisation techniques that have both 
excellent sensitivity and extremely high resolution in order to confirm this embrittlement 
process. 
2.3.5.4 Comparison of crack tip oxidation mechanisms and dynamic embrittlement 
The previous sections described a number of different oxidation mechanisms with contrasting 
theories. First, it is appropriate to classify the oxidation mechanisms into two groups; short-
range and long-range diffusion processes. Short range diffusion includes the original findings 
of Andrieu in [120] and Molins et al [121] but should further include the more recent findings 
of Kitaguchi et al [128] and Viskari [129,130]. 
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Long-range diffusion refers to the penetration of oxygen into the crack tip followed by rapid 
diffusion along the grain boundaries, much like the diffusion mechanism described in Gao 
[122-124] and Miller [125,126]. The likelihood of long range-diffusional processes seems 
unlikely because oxygen will readily oxidise elements such as Al and Ti, which have superior 
stabilities. Furthermore, as described in section 2.3.5.2, the oxygen partial pressure decrease 
quickly according to an inverse power-law relationship. The DE mechanism differs to the 
oxidation mechanisms described, in that it does not involve the formation of an oxide 
intrusion. In reality, both SAGBO and DE mechanisms could operate cooperatively. That is, 
whilst there is clear evidence of oxide intrusion formation ahead of a crack, even with no 
applied load, the injection of oxygen into the grain boundary ahead could take place without 
taking part in any further oxidation reaction.  
2.3.5.5  Modelling of environmental enhanced fatigue 
Zhao et al [137] and Karabela et al [72] used an FE analysis model to study RR1000, which 
incorporated stress assisted oxygen diffusion (i.e. Equation 2.25) coupled with viscoplastic 
deformation, in the vicinity of a fatigue crack tip. The model effectively supported the DE 
model [111,112] since the oxygen did not take part in any reaction in the grain boundary 
ahead of the crack tip. Original efforts [138,139], made by the same authors, without 
considering environmental interaction failed to model the crack growth correctly. The model 
only held well for frequencies 𝑓 > 0.1  𝐻𝑧 and dwell times  𝑡 < 10  𝑠. At frequencies 𝑓 < 0.01  𝐻𝑧 and dwell times  𝑡 > 100  𝑠, the model was unsuccessful and under-predicted the 
fatigue crack growth rates.  
To improve on the under-predicted crack growth rates, the authors developed a “failure 
curve” criterion based on the accumulated plastic strain ε and the oxygen concentration CO at 
the crack tip. These can be thought of as critical values necessary to embrittle the grain 
boundary ahead of the crack-tip. Construction of the failure curve itself, for example by Zhoa 
et al [137], utilised the crack growth data (da/dN) in reference [6] to determine the number of 
cycles necessary to grow a fatigue crack by the FE model’s characteristic length (12.7 µm). 
Dividing the characteristic length by da/dN at 650°C for ΔK =30 MPa m1/2, R =0.1 and 
different frequencies generated various values for N. The authors later used these values of N 
in the FEM to determine values of ε and CO for a failure curve. During subsequent crack 
growth predictions, the crack grew when ε and CO reached the failure curve, for which, the 
number of cycles was recorded. Dividing the characteristic length by the number of 
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accumulated cycles that satisfied the failure criterion yielded the predicted crack growth rate. 
This method successfully predicted crack growth rates for a number of frequencies at ΔK =30 
and 40 MPa m1/2. Figure 2-18 provides comparisons of the fatigue data in reference [6] and 
that of the model for triangular and trapezoidal waveforms at 40 MPa m1/2, showing excellent 
agreement between the model and the experimental results. For lifing purposes, the “failure 
curve” is a very effective method; however, the underlying basis of the model requires 
refining. Particularly, the model needs to account for oxidation reactions near the crack tip 
that will undoubtedly modify the crack tip stresses [131]. 
 
Figure 2-18 Comparison of fatigue test data at 𝑇   =   650 ˚C,  𝑅 =   0.1,  ∆𝐾 = 40 MPa m1/2 adapted from [6] 
and that of the finite element method in [137]: (a) the effect of cyclic frequency on crack growth rate for a 
triangular waveform; (b) the effect of dwell time for a trapezoidal waveform. Influence of microstructure and 
alloy chemistry on fatigue crack growth  
2.3.6 Influence of material variables  
2.3.6.1 Grain Size 
It is important to consider grain size both in terms of LCF and creep properties. 
Unfortunately, this makes matters difficult, as the LCF performance improves inversely with 
grain size, whereas the creep performance improves directly with grain size.  Denda et al [91] 
investigated the effect of grain size for the alloy IN718. Their results were conclusive; the 
coarse grain microstructures hindered the LCF life even though they reduced the crack 
growth rates. Crack initiation goes some way to explain this. In reference [92] studies on a 
number of different alloys showed that fatigue crack initiation resistance favoured smaller 
grains, attributable to smaller grains experiencing less transgranular slip. As the gas turbine 
disc spends the majority of its life in crack initiation and stage I crack growth [140], large 
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grains appear unfavourable. However, under the creep-fatigue conditions experienced in the 
turbine, it was also concluded in [92] that the fatigue performance of the alloys benefited 
from larger grains. The authors postulated that fine grained materials allowed for enhanced 
intergranular diffusion of oxygen along grain boundaries and promoted creep due to grain 
boundary sliding. James [141,142] later confirmed this and also determined faster crack 
growth in fine grained materials. Furthermore, the author demonstrated the ability to form 
alloys with “necklace” microstructures, whereby a loop of finer grains surrounded large 
grains. These alloys displayed even greater crack resistance at dwell in comparison to 
nominally coarse and fine grain microstructures. The ability of the necklace microstructure to 
deviate fatigue cracks gives rise to increased tolerance to dwell fatigue crack growth.  
2.3.6.2 𝛄′  distribution and morphology  
Cyclic deformation in precipitation hardened alloys, such as Ni-based superalloys, strongly 
depends on the size, volume and distribution of the precipitates within the alloy matrix. In the 
case of Ni-based superalloys, it is the 𝛾′ (Ni3 (Al, Ti)) phase, which has the superior ability to 
inhibit dislocation motion. As a rule, the fraction of 𝛾′ should be chosen such that the ratio of 𝛾′ particles should fall in the range of 45-55% volume, in order to achieve a balance of 
strength and fatigue resistance [1]. However, higher 𝛾′-fractions hinder the alloy 
machinability [143].  
Considering dwell and environmentally resistant microstructures, Telesman et al [144] 
completed studies using LSHR and Alloy 10 to determine the time-dependent crack growth 
resistance using different heat treatments (Figure 2-19). The use of super-solvus heat 
treatments far out-weighed any improvements to the dwell fatigue crack propagation intended 
by making changes to the alloy chemistry. The increased mean size of the cooling 𝛾 ′  
precipitates explained the improved crack growth resistance. For the alloy LSHR [9], it was 
found that an increase in thermal exposure by either ageing for longer times or decreasing the 
cooling rate from the solution heat treatment significantly improved dwell crack growth 
resistance. The largest influence on crack growth rates, at sustained dwell times, is the ability 
to reduce the crack tip driving force by stress relaxation. Here, the coarsened cooling 𝛾 ′   precipitates increased the extent stress relaxation by allowing creep to take place.  
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Figure 2-19 Dwell fatigue crack propagation data for seven P/M superalloys tested at 977 K with a 90 s hold 
and load ratio R = 0.1. Each of the of the seven alloys have the same base compositions with varying Co 
compositions and Nb/Ta ratios. Notice that the potent effect of super-solvus heat treatments far outweigh any 
changes to the alloy chemistry. Fiugre adapted from Telesman et al [9]. 
Heat treatments carried out at intermediate temperatures (similar to that of normal operating 
conditions), which serve to completely disolve any tertiary 𝛾 ′  have also proved benificial 
[110]. The dissolution of these precipitates causes a dramatic increase in the creep strain rates 
at low strains and, therefore, rapid stress relaxtion [110]. If the near-crack tip stress controls 
the extent of the environmental damage, then promotion of stress relaxation acts to reduce 
EEFCG. Promoting creep-like processes can be detrimental, in that, allowing too much creep 
deformation to take place could be as damaging to the materials FCG resistance. For 
example, whilst the nucleation of cavities requires some strain [145] (i.e. from grain 
boundary sliding), their growth largely depends on stress assisted diffusion [99]. Therefore, at 
lower stress intensities the stress relaxation may be sufficient to suppress cavity growth but at 
larger stress intensities cavity growth may proceed.  
2.3.6.3 Grain boundary engineering (GBE)  
Grain boundary diffusivity varies significantly with grain boundary structure [146]. 
Mechanical load-relaxation tests on Cu-Sn bi-crystals [134] and IN718 bi-crystals [147] have 
shown a particularly high resistance to crack growth perpendicular to the Σ5 tilt axis. It has 
been postulated that grain boundary diffusion is slower along grain boundaries that have high 
coincident site lattice (CSL) densities [148]. The interface energy decreases with increasing 
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CSL density and hence the diffusivity along the boundaries strongly depends on the grain 
boundary type. The combination of lower interface energies and suppressed diffusivity along 
special boundaries would then reduce the susceptibility to intergranular oxidation. Therefore, 
grain boundary engineering (GBE) type processes have emerged as an effective method 
towards reducing crack propagation rates. Most GBE techniques classify the distribution of 
grain boundaries based upon the coincident site lattice model [149]. Here, each grain 
boundary is given a number  Σ, equal to the reciprocal number of the fraction of atoms that are 
coincident in two adjacent grains. In the FCC system, such as the 𝛾-phase in Ni-based alloys, 
the boundaries are considered special if    Σ ≤ 29, otherwise they are deemed random.  
Krupp et al [150] used successive rolling and heat treatments on the alloy IN718, increasing 
the fraction of special boundaries from 20% to over 40%. This increased the incubation time 
to crack initiation and reduced the crack growth rate. Random boundaries are more 
susceptible to diffusive penetration and therefore crack almost immediately due to the DE 
mechanism. However, the special boundaries remain predominantly undamaged and the 
stress acting on them increases, so much so that the failure eventually occurs by ductile or 
creep rupture. Therefore, increasing the number of special boundaries increases the extent of 
the grain boundary pinning, leading to improved resistance due to intergranular fracture. The 
feasibility of such processing can be disputed. Polycrystalline disc forgings are very complex 
structures and any processing would have to take place prior to forging. Therefore, forging 
itself may result in a reduction in the fraction of special boundaries but also the GBE could 
add complexity to the forging process.  
2.3.6.4 Serrated Grain Boundaries 
A further crack intergranular crack resistant microstructure arises from serrated grain 
boundaries [151-153]. The role of such boundaries remains unclear, as a number of proposed 
mechanisms exist. In one example, the γ’-strengthened René-95 [152] alloy underwent a 
super-solvus heat treatment followed by slow controlled cooling. This resulted in fine cooling 
γ’ precipitation along grain boundaries, following which the alloy showed a marked 
improvement in the dwell-fatigue performance for dwells of up to 180s. Whilst the crack 
growth remained transgranular, two suggested mechanisms for improved crack growth 
resistance in this alloy exist. First, the γ’ serrations along the boundary mean the crack has to 
now take a longer path through the boundary and this effectively lowers the stress intensity 
factor. Second, due to the low Cr solubility in γ’, the alloy rejects excess Cr into the grain 
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boundary during cooling to improve its oxidation resistance. However, the low stability of 
Cr2O3 would favour oxidation of other elements and seems unlikely to offer any benefit. 
Similar serrated microstructures form in ALLVAC 718Plus but with the η-(Ni6AlNb) [154] 
phase providing serrations along the grain boundaries (Figure 2-20). It is worth noting that 
the character of the serrations does not resonate and that for some time the serrations have 
been wrongly characterised as the δ-(Ni3Nb) phase commonly found in the alloy’s 
predecessor IN718. In any case, the grain boundary serrations provide a more torturous crack 
path during intergranular loading [153,155]. Cao [155] indicates that nearly continuous, short 
rod-shaped particles along grain boundaries provide optimum mechanical properties, at least 
when tested at 703°C. In contrast, and recalling the results of Hayes [103] and Unocic et al 
[104], the η-phase (referred to as the δ-phase in their works), in their view, provides no 
additional resistance to intergranular cracking during stress rupture tests. Instead, grain 
boundary misorientation (i.e. preferred Σ3 boundaries) and the oxygen absorbing dislocation 
substructures improve the resistance. It is difficult to be certain about the true microstructural 
role in this alloy, largely because of the disparity between the starting microstructures due to 
the heat treatments used. 
 
Figure 2-20 TEM bright field micrographs showing different types of grain boundary morphologies in 
ALLVAC 781+ following 840°C ageing for 4 hours. (a) Widely spaced precipitates leading to large grain 
boundary curvature and (b) close-packed precipitates resulting in serrated boundary with less curvature [154]. 
2.3.6.5 Alloy Chemistry  
The alloy chemistry should adhere to compositions that offer both a combination of high 
temperature strength whilst offering protection against environmental attack and excellent 
stability. In earlier discussions, oxide formation during the fatigue of IN718 [121] resulted in 
an outward flux of Ni cations and a counter flux of vacancies in the region in front of the 
crack tip. In another investigation, oxide wedge formation described the embrittlement. In 
either case, the rate at which the oxidation proceeds should control these processes. Chang et 
500 nm300 nm
(a) (b)
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al [152] modified the composition of IN718 by replacing iron with chromium. This change 
allowed the alloy to maintain its high-temperature strength, but more importantly, it exhibited 
much better resistance to environmentally assisted fatigue under dwell. The role of chromium 
is to form a passive oxide layer, prohibiting further oxidation, demonstrating its passivation 
effect.  The higher chromium content limits the amount of oxide penetration of other oxides 
before passivation to retard crack growth.  
Competition for chromium can take place not only in the formation of a protective oxide but 
also in reactions to form Cr23C6 and σ phases. Both of these processes contribute to Cr 
depletion, leaving regions susceptible to environmental attack. The comparatively fine 
grained RR1000 had a far superior fatigue performance over that of two other alloys, N18 
and U720Li-LG [156]. The alloy RR1000 has an optimised Ta and Hf content, which 
controls the decomposition of MC carbides and formation of Cr23C6 carbides at grain 
boundaries. The slow decomposition rate of Ta and Hf containing MC carbides by far 
outweighs the fast diffusion of C in the alloys. Therefore, in RR1000, the slow decomposition 
of Ta and Hf containing MC carbides limits the Cr depletion around grain boundaries. 
Controlling Cr depletion whilst maintaining MC carbide’s, which restrict grain boundary 
sliding, augments the fatigue life of RR1000. Precipitation of the σ phase should also be 
controlled; although it is not responsible for cavity growth it has been reported to enhance 
cavity nucleation as well as depleting regions of potentially protective Cr [110]. Hf additions 
in the alloy RR1000 improved the dwell-fatigue crack growth performance of RR1000. 
Additions of up to 0.75wt.% Hf reduced the crack growth rate by a factor of two [157]. 
However, the processing issues associated with Hf, namely the formation of HfO2 melt 
anomalies present a significant issue.  
2.3.6.6 Shot peening  
The fatigue crack initiation and crack growth performance can be improved using techniques 
that modify the near surface. The free surface of the alloy component provides a common site 
for the nucleation of fatigue cracks. Crack initiation at intermediate temperatures is often 
associated with anomalies or microstructural discontinuities at the surface or sub-surface. The 
pre-treatments of the alloy surface can affect the fatigue crack initiation mechanism. Shot-
peening is an established procedure, which plastically deforms the materials surface 
microstructure through impingement of the surface with small spherical media [158]. This 
produces a work-hardened layer and a misfit strain between the bulk and surface of the 
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material. The misfit strain causes an in-plane compressive residual stress state. The 
compressive residual stresses reduce the effect of externally applied tensile loads, thereby 
inhibiting fatigue crack initiation and improving the fatigue crack growth resistance.  
Claudio et al [159] performed crack propagation studies on RR1000 at 650 ˚C and showed SP 
has no damaging effect during crack propagation. For the as-machined specimens, multiple 
crack initiation sites were reported in comparison to the SP specimens, which demonstrated 
an ability to concentrate crack initiation on one site. The SP compressive stresses produced a 
very small overall reduction in the crack propagation rates attributable to crack tunnelling 
effects. The benefits of SP may not be long lived as shown in reference [108]. Fatigue testing 
under standard saw-tooth loading at 300°C following pre-exposure in air and vacuum at 
650°C reduced fatigue lives by approximately 2000 cycles. This reduction occurred 
irrespective of the environments, so oxidation during pre-exposure presumably had no impact 
on the fatigue performance. Therefore, a reduction of the beneficial residual stresses by 
thermal relaxation, coupled with a surface covered with SP surface anomalies more than 
likely caused the reduced fatigue lives.  
2.4 Conclusions  
This review discussed the various aspects of high temperature oxidation and oxidation 
assisted fatigue in polycrystalline nickel-based superalloys. The first half of this review 
focused on oxidation and the effects of mechanical loads during oxidation. Regarding purely 
isothermal oxidation in the absence of mechanical loads, an alloys oxidation resistance 
depends on a number of aspects, including; alloy chemistry, microstructure and surface 
finish. Most of the previous literature utilised mass gain experiments to study oxidation 
kinetics; however, these do not give an insight into the kinetics of the individual oxidation 
products (i.e. external/internal oxidation and recrystallisation). Furthermore, these 
experiments do not provide an insight into the transport mechanisms themselves, which 
should be addressed for the current system. The use of isotopic oxidation protocols in 
combination with FIB-SIMS was highlighted as a potential technique for analysing the 
oxygen transport mechanisms in scales formed in other systems as well as being a suitable 
method for quantifying oxygen diffusion.  
The oxidation of alloys under the influence of applied mechanical loads has received some 
interest; however, only a small amount of the literature available concerns polycrystalline 
superalloys. The application of mechanical loads appears to demonstrate a wide range of 
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effects, both kinetic and microstructural, which depend on the alloy system investigated and 
the type of loading applied. Nevertheless, the general consensus shows that mechanical loads 
mostly exacerbate alloy stability in oxidising environments.  
The second half of this review explored the role played of oxygen during the fatigue crack 
initiation and growth in this group of alloys. Generally speaking, this accelerated crack 
growth is rationalised in terms of a stress-assisted grain boundary oxygen embrittlement 
mechanism. However, the specific role of oxygen currently remains a subject of much debate 
and provides the motivation for this work. To date, there appear to be two main classes of 
crack-tip damage mechanisms: Stress Accelerated Grain Boundary Oxidation (SAGBO) and 
Dynamic Embrittlement (DE). Much of the disagreement over the perceived crack-tip 
damage mechanism stems from the inconsistency in the testing and characterization protocols 
adopted in the study the crack tip damage mechanism.  
This thesis explores the static oxidation, oxidation under the influence of mechanical loads 
and the oxygen crack-tip interaction during dwell fatigue of the superalloy FG RR1000. To 
address the issue of surface finish, the alloy has been investigated in both the polished and 
shot-peened conditions. Analysis of the microstructural and oxygen transport mechanisms 
utilises isotopic tracing protocols, where 18O2 serves as the isotopic tracer, with combined 
FIB-SIMS mapping. These maps are manipulated further to determine the oxygen diffusion 
coefficients in the external scale under static and constant load oxidation conditions. The FIB 
capabilities themselves have allowed for site-specific cross-sectional preparation and analysis 
of the oxidation damage at both regularly oxidised surfaces and in the vicinity of fatigue 
crack tips.  
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Chapter 3 – Materials and Characterisation Techniques  
This chapter gives an overview of the alloy investigated and the principal techniques 
implemented in this thesis. The Ni-based superalloy used in this work (a fine grain RR1000 
(FGRR1000)) is described, and some of its basic properties discussed. Details of the isotopic 
tracing protocols used in the oxidation experiments are introduced. This work employed 
Focused Ion Beam (FIB) based methods, which act as the primary analysis methods 
throughout. For this reason, these will be discussed in detail, this discussion including both 
the data acquisition and data interpretation. Particular attention will be made to FIB 
microscopy and its contrast mechanisms. Finally, this chapter will discuss the basics of the 
JMatPro thermodynamic modelling software, implemented in various discussions throughout 
this thesis. Subsequent experimental chapters of this thesis detail other characterisation 
techniques utilised including the instrumental information and the mode of operation.  
3.1 Materials 
3.1.1 FGRR1000 Overview 
The work investigates the high temperature oxidation behaviour of the polycrystalline nickel-
based superalloy FGRR1000. Table 3-1 gives the nominal alloy composition (in wt.%) and 
reveals the various components added to maintain a combination of strength, damage 
tolerance and creep resistance [157]. The choice of alloy chemistry utilised thermodynamic 
predictions and in-depth understanding of the specific properties offered by the individual 
alloying elements [157]. Hardy et al [157] have given a detailed rationale for each of the 
elements added and their limitations in the alloy design.   
Al Co Cr Hf Mo Ta  Ti C  B Zr Ni 
3.0 18.5 15 0.5 5.0 2.0 3.6 0.03 0.02 0.06 Bal. 
Table 3-1 Nominal composition of FGRR1000 in wt.% 
Like many superalloys, the primary strengthening mechanisms in RR1000 arise from their 
γ/γ’ microstructure. Of course, γ and γ’ are not the only phases present in RR1000 and the 
alloy contains other minor phases. These will include the carbide phases (MC and M23C6) and 
the boride phases (MB2 and M3B2) [160]. Figure 3-1a-c reveals the typical γ/γ’ microstructure 
of FGRR1000 using various characterisation techniques of increasing spatial resolving 
power. These micrographs illustrate the alloys tri-modal γ’ distribution. Figure 3-1a shows a 
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typical optical micrograph following etching with Kalling’s solution (removes γ’). At this 
magnification, it is possible to identify the primary-γ’ precipitates that reside at the grain 
boundaries of the γ matrix. Figure 3-1b shows the microstructure as viewed using SEM in the 
secondary electron mode after electrolytic etching in 10% HPO3-90% H2O (removes γ), 
revealing the coherent secondary-γ’ particles amongst the γ matrix. Last, Figure 3-1c shows a 
bright field (BF) TEM micrograph, which identifies the even smaller tertiary-γ’ precipitates 
amongst the secondary-γ’ precipitates.  
 
Figure 3-1 Microstructure of FGRR1000 using different characterisation techniques: (a) optical micrograph, (b) 
SEM-SE micrograph and (c) BF TEM micrograph.  
Pang and Reed [161] provide a comprehensive analysis of the key microstructural features 
with Table 3-2 collating these findings. Additionally, Table 3-3 gives the mechanical 
properties at 700-800°C. 
Property Value 
Average Grain Size (µm) 7 
Average Primary-γ’ Size (µm) 1.8 
Primary-γ’ Size Range (µm) 0.5-6.3 
Primary-γ’ Volume Fraction (%) 12 
Average Secondary-γ’ Size (nm) 102 
Average Tertiary-γ’ Size (nm) 16 
Coherent- γ’ fraction (%) 37 
Table 3-2 Microstructural Characteristics of FGRR1000 after Reed and Pang [161]. 
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Temperature (°C) Young’s Modulus, E 
(GPa) 
0.2% Proof Stress, σy 
(MPa) 
Ultimate Tensile 
Stress, σUTS (MPa) 
700 180.6 1038 1298 
750 175.2 992.5 1122 
800 171.1 892 946 
Table 3-3 Mechanical properties of RR1000 at 700-800°C. These were obtained through personal 
communication with Rolls-Royce plc. 
Production of the alloy uses a powder metallurgy (P/M) route to limit the risks associated 
with elemental segregation. This P/M route involves, in the first instance, preparation of the 
alloy melt through vacuum induction melting, as with cast-and-wrought alloys. The melt is 
then argon gas atomised to produce the metallic powder, which is then screened to remove 
inclusions, canned and de-gassed. The canned powder undergoes a process known as Hot 
Isostatic Pressing (often termed HIPing) to consolidate the powder before extrusion and the 
final forging steps. To achieve the desired fine-grained microstructure γ’ size and fractions, 
the alloy is given a series of isothermal heat treatments. First, this involved a sub-solvus 
solution heat treatment at 1120°C for four hours, followed by forced air cooling, and then a 
solution heat treatment at 760°C for 16 hours and bench cooling in air.  As RR1000 is not 
available as “stock” alloy, Rolls-Royce plc supplied sections of scrap disc forgings from 
which smaller specimens, for the various exposures, were prepared. 
3.2 Shot-Peening  
For this investigation, the Metal Improvement Company shot-peened all the samples under 
the same conditions. The materials were subject to a shot-peening intensity of 6-8 mm A with 
a surface coverage of 200 % using a 110H shot size (0.28 mm). 
3.3 Isotopic Oxidation  
This thesis utilises the two-stage isotopic oxidation protocols during classical oxidation, 
oxidation under static bending loads and oxidation during dwell-fatigue loading. In its 
simplest terms, isotopic oxidation experiments involve exposing a specimen initially under a 
16O2-enriched environment and then in an 18O2-enriched environment for the remainder of the 
total exposure. The 18O effectively acts as a tracer species, which is separable from 16O, when 
the distributions of the two isotopes are analysed using isotope sensitive techniques such as 
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FIB-SIMS [17,19]. It is then possible to elucidate the oxygen transport mechanisms or extract 
the oxygen tracer diffusion coefficients in the external and internal oxide regions.  
3.3.1 Specifics of Isotopic Oxidation Procedure 
The following outlines the main isotopic oxidation protocols for classical and bending-load, 
and dwell-fatigue oxidation experiments. The relevant experimental chapters provide the 
specifics of the exact experimental procedure used (i.e. anneal times, temperatures and 
loading conditions). 
3.3.2 Classical Isotopic Oxidation 
Isotopic oxidation exposures were conducted using a purpose built annealing chamber, which 
allowed for careful control of the exposure environment, temperature and pressure. Figure 
3-2 shows a schematic of the apparatus used to carry out isotopic oxidation experiments.   
 
Figure 3-2 Schematic of the isotopic oxidation furnace used for classical isotopic oxidation. 
The sample is initially placed inside the quartz tube, which is evacuated to a pressure better 
than 5 × 10-7 mbar. The chamber is filled with research grade oxygen (99.9995%), which has 
a natural isotopic abundance, to a nominal pressure of 200 bar (0.2 atm). This pressure 
simulates the partial pressure pO2 of oxygen in air. The 16O has a significantly higher natural 
abundance over 17O and 18O species, therefore, from here on, this shall be referred to as the 
16O2 stage. After programming to the correct temperature and ramp rate, the tube furnace is 
rolled on, ensuring that the sample sits in the hot-zone of the furnace, and is finally sealed 
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with insulating wool. After some time t16, the furnace is rolled-off to quench the sample in 
air, and is re-evacuated. After some time, the 18O2-enriched gas is introduced directly from 
the bottle in to the annealing chamber, and the sample oxidised under the same conditions but 
for considerably less time. The sample is, again, quenched in air after some time t18, before 
recovering the 18O2 gas. The importance of recovering the 18O2 stems from the high cost price 
of the gas. A Pt thermocouple, placed next to the sample, connected to a PC with a data-
logging system continually monitors the temperature. The data-logger records the 
temperature and the pressure over two-second time intervals for the duration of the exposure.  
3.3.3 Modifications for isotopic oxidation under bending-loads 
The schematic given in Figure 3-2 illustrates the set-up used for standard classical oxidation 
experiments; however, the bending-load oxidation tests required modification of this set-up. 
The rig was revised to include a quartz tube 35 mm in diameter (original tube 20 mm) in 
order to accommodate the bending rig given in the appendix of this thesis. This set-up did not 
permit the use of the roll-on tube furnace and instead, employed a vertically opening tube 
furnace. Other than these modifications, the exposure followed the same protocols given 
above.  
3.3.4 Experimental set-up for isotopic oxidation during dwell-fatigue 
Isotopic oxidation with combined dwell-fatigue loading utilised a custom-built Phoenix 
Calibrations and Services Ltd environmental fatigue-rig as shown in Figure 3-3. A unique 
feature of this rig is its ability to conduct fatigue tests with control of the exposure 
environment at high temperatures. The rig uses an “environmental cell” (Figure 3-3b) to 
control the environment, which encapsulates the specimen for the duration of the fatigue test. 
This particular feature allows for high-temperature fatigue testing coupled with isotopic 
oxidation protocols. Unlike the classical and bending-load oxidation experiments, the 
apparatus does not have a vacuum system and, instead, uses a flowing gas system to 
introduce the 16O2 and 18O2 gases. The 16O2 and 18O2 gases were mixed with Ar, using 
appropriate flow rates, to achieve the equivalent partial pressure of oxygen in air. 
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Figure 3-3 Environmental fatigue rig utilised in dwell-fatigue isotopic oxidation experiments: (a) view of 
complete rig and (b) close-up of the environmental cell and specimen.   
3.4 Focused Ion Beam (FIB) Techniques 
This section introduces the underlying ideas of FIB and its relevant applications throughout 
this thesis. One particular theme addressed here is the use of FIB microscopy to study 
superalloy materials. This type of microscopy is relatively new to this field and requires an 
adequate interpretation of the contrast mechanisms. Further discussions will introduce the 
cross-section preparation, FIB-SIMS mapping and the FIB TEM foil preparation technique.  
3.4.1 Overview of Instrumentation  
Figure 3-4 schematically shows the basic set-up of the FEI FIB200-SIMS workstation 
utilised in this work. As with most FIB instruments, primary ion beam production employs a 
Ga+ liquid metal ion gun (LMIG) but gas sources, such as the HyperionTM slowly emerging as 
alternative sources. By far the most utilised primary ion source, the Ga+ LMIG easily 
achieves beam diameters of 5 nm, suitable for milling and imaging. The SIMS detector acts 
as next feature of importance and is essential for the elemental analysis of the oxygen 
isotopes. The instrument is equipped with an Extrel quadrupole secondary ion mass 
spectrometer. The variety of beam currents achievable (1 pA – 20 nA) allow users to conduct 
SIMS in the form of mass spectra, depth profiles and elemental maps. Also shown are the 
electron multiplier and the gas inlet needles. Both of these are essential for the production of 
high quality images of FIB milled cross-sections. Note that the ability to conduct milling, 
SIMS and microscopy in situ without removal of the specimen from the vacuum between 
steps gives this set-up a significant advantage over other SIMS instruments. In short, the Pt 
gas injection source can be used to lay a thin strip of Pt on the surface to protect the surface 
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from unwanted sputter damage. The electron multiplier collects the secondary electron and 
positive ions to form detailed micrographs of the area of interest.  
 
Figure 3-4 Schematic illustrating the basic set up of the FEI FIB200-TEM SIMS workstation. 
3.4.2 Sputtering and Ion-Solid Interactions 
The fundamental interactions of the primary ion beam and the sample are critical for all 
aspects of FIB: milling, imaging, material deposition and FIB-SIMS. Figure 3-5 shows the 
bombardment of a solid surface with a primary ion beam to cause sputtering. Sputtering is a 
physical phenomenon, whereby surface erosion takes place on an atomic scale. Initially, the 
primary ion impinges on the surface, resulting in a series of elastic collisions, in which 
momentum transfer takes place from the incident ions to the atoms of the target material. 
This causes atomic displacements within a collision cascade region that will result in the 
ejection of an atom as a sputtered particle, provided it has enough kinetic energy to overcome 
the surface binding energy and is moving in the correct direction. The statistical nature of 
sputtering indicates that the number of sputtered particles will increase with the number of 
collisions taking place closest to the surface. Note that, not all collisions remain elastic and 
secondary electrons will be ejected, which are important for imaging.  
The ejected particles can form positive and negative ions or simply remain as neutrals. The 
effectiveness of the primary ion beam to sputter charged particles is known as the ionisation 
yield Y+. Different studies have shown that the positive ion yield increases with ionisation 
potential, whilst the negative ion yield increases with the electron affinity [162,163]. 
Furthermore, this parameter will depend on the matrix, the ion beam and residual elements in 
the vacuum such as oxygen [82].  
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Figure 3-5 Schematic of the sputtering process and the collision cascade in the sub-surface of the target material. 
Figure 3-5 shows another important parameter, the projected range XS, defined by the 
perpendicular distance travelled by an implanted ion in a solid. This parameter is important 
because it reflects the magnitude of the stopping power dE/dx offered by the penetrated 
media; XS is inversely proportional to dE/dx. The chance of the ejection of atoms increases if 
more collisions take place closer to the surface. In other words, less sputtering takes place if 
the ion penetrates deeper into the sample. Denser materials generally possess greater stopping 
power and accordingly demonstrate higher sputter yields [164]. 
3.4.3 FIB Secondary Ion Mass Spectrometry (FIB-SIMS)  
FIB-SIMS is a versatile materials characterisation technique, which combines the sensitivity 
of SIMS with the excellent spatial resolution and milling capabilities of FIB methods. On its 
own SIMS is a surface analysis technique that analyses the chemical characteristics of the 
surface through mass spectrometry of the sputtered ions. Using FIB-SIMS, users have the 
ability to analyse the region of interest (ROI) by mass spectrometry, depth profiling and 
elemental mapping.  
The attractiveness of SIMS stems from its parts per million (ppm) to part per billion (ppb) 
sensitivity (i.e. the minimum concentration that generates one count per data point) [81] for 
relatively large area analysis; however, this can drop considerably for much smaller areas, 
especially for LMIG sources [165]. This describes an underlying issue faced by SIMS users: 
the inverse relationship portrayed by sensitivity and analytical volume. To describe this, 
consider the well-known SIMS equation for a species m:  
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𝐼! = 𝐼!𝜌!𝑆!𝑌!!𝑇!"#$% (3.1) 
where 𝐼! is the secondary ion current, 𝐼! is the primary ion current, 𝑆! is the sputter yield, 𝑌!! 
is the ionisation yield, 𝜌! is the concentration of species m in the target and 𝑇!"#$% is the 
characteristic transmission of the system. The final three terms in Equation 3.1 can be 
considered as the useful ion yield. Ga+ LMIG sources normally have a useful ion yield of the 
order 10-6, whereas reactive sources such as oxygen and caesium possess useful ion yields of 
around 10-3. It follows that the sensitivity also decreases by three orders of magnitude when 
using FIB-SIMS [81]. At higher dopant concentrations or analytical volumes this may not 
pose as much of an issue; however, for FIB-SIMS analyses requiring <100 nm beam 
diameters for high-resolution mapping, this quickly becomes problematic.  
Although FIB-SIMS suffers from sensitivity issues, as a mass spectrometry technique, it has 
the ability to readily differentiate between isotopes such as 16O and 18O. Considering 
Equation 3.1, for two oxygen isotopes used for isotopic oxidation, only the relative 
concentration affects the secondary ion signal, 𝐼!. With the knowledge that negative oxygen 
ions generally have high yields, then FIB-SIMS is the ideal candidate technique to analyse 
the relative distributions of 16O- and 18O- in isotopic oxidation specimens.   
3.4.4 FIB Secondary Electron and Secondary Ion Microscopy 
High-resolution images of the surface can be obtained using FIB using beam currents of 
typically <100 pA. For imaging purposes, the most important species are the secondary 
electrons and secondary ions. The FIB-200TEM used in this work is fitted with an electron 
multiplier detector with the bias applied to this device determining whether positive or 
negative species are collected. As both images are “ion induced”, from here on the two 
imaging modes will be referred to as an ion induced secondary electron image (IISEI) or a 
total positive ion image (TPII). The attractiveness of this as an imaging technique stems from 
the different contrast mechanisms offered. Before discussing these mechanisms, consider the 
two cross-sections in Figure 3-6, prepared by FIB milling of a specimen of FGRR1000 
exposed at high temperature in an oxidising environment. The specific details of the 
oxidation behaviour form discussions in later chapters; however, the two micrographs 
elucidate the two main contrast mechanisms relative to this work: channelling contrast and 
chemical contrast (sometimes called material contrast). It is common for images to also 
portray topographic contrast, although this is not a mechanism of interest in this work.  
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Figure 3-6 Comparison of contrast mechanisms in FIB microscopy using oxidised RR1000: (a) IIISEI and (b) 
TPII. 
Channelling contrast results from ion channelling and is most prominent in the IISEI mode. 
Channelling is the process whereby ions penetrate further along low index crystallographic 
directions compared to non-channelling directions in close packed materials such as metals 
[166]. This increases the range of the ions and shifts the collision cascade deeper into the 
sample. It follows, that the secondary electron yield decreases when the ions channel further 
into the specimen because the electrons have less chance of escape. 
Figure 3-6a low index directions are aligned parallel to the incident beam and appear dark. 
The Cr2O3 and TiO2 layers do not exhibit channelling contrast, even though they are 
polycrystalline, for the following reasons. First, both oxides do not possess close-packed 
structures, normally a prerequisite for channelling. Second, the oxides have much lower 
densities so that the collision cascade, and therefore electron generation, takes place deeper in 
the sample. Finally, the oxide becomes amorphous as it rapidly loses oxygen [162] and no 
channelling takes place. Channelling contrast can manifest itself in the TPII mode (see 
Phaneuf [167]); however, the number of electrons generated can be a factor of 10-1000 larger 
than that of the ions, making it a less dominant contrast mechanism in TPII micrographs.  
The second contrast mechanism observed relates to the chemical contrast, visible mostly in 
the TPII micrograph (Figure 3-6b). Chemical contrast generally arises because sputter yields 
(i.e. S) depend on the target chemistry with denser phases (i.e. large dE/dx) generally 
appearing brighter. This reasoning should be treated with caution because the contrast is also 
related to the ionisation yield. Take, for example, the effect of oxygen seen in Figure 3-6b, 
where yield enhancement leads to bright Al2O3 grain boundary oxides. Equivalent regions in 
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Figure 3-6a portray a very different oxide effect; the insulating oxides cause charging effects 
and have a dark appearance. The positive ion bombardments of an insulator results in charge 
accumulation so that any emitted electrons will have no chance of escape and go undetected. 
This gives them a void-like appearance, which has led to them being mistaken for voids in 
previous oxidation studies [59]. Charging effects do not manifest in the external oxides so 
that chemical contrast differentiates the Cr2O3 and TiO2 layers. This implies that both Cr2O3 
and TiO2 exhibit some degree of electrical conductivity. However, the brighter contrast seen 
in the Cr2O3 layer suggests it has superior electrical conductivity over TiO2. Holt and Kofstad 
[168,169] report that Cr2O3 is, in fact, an electrical conductor, in-line with the current 
observations. Pure TiO2 is nominally an insulator[170]; however, it may develop non-
stoichiometry (TiO2-x) allowing it demonstrate n-type semi-conductivity. This could explain 
the conductive properties portrayed in the IISEI images. 
Figure 3-6b readily identifies the γ’-precipitates amongst the γ matrix; the γ’-phase exhibits a 
greater total secondary ion yield relative to the γ-phase. To investigate the difference in 
contrast further, theoretical predictions of the sputter yield and the phase density have been 
made using TRIM (Transport of Ions in Matter) and JMatPro, respectively. Note that the 
JMatPro software also determines the γ/γ’ phase partitioning using the base alloy 
composition. Table 3-4 gives the densities and sputter yields of the two phases, showing how 
the γ has a density greater than that of the γ’. Although the difference is very small, one 
would expect the γ to have greater contrast over the γ’. However, theoretical predictions 
imply that the γ’-phase actually has a higher sputter yield. 
Phase Density (g cm-3) Total Sputter Yield (atoms ion-1)* 
γ 8.20 6.307 
γ' 8.03 6.776 
Table 3-4 Theoretical predictions of density and sputter yield for the γ and γ’ phases. *Sputter yields assumed 
for 100 incident ions for a 30 keV Ga+ at 0° incidence to the surface.  
The sputter yield alone does not explain this observation and analysis should also account for 
the ionisation yields of each of the elements. Ionisation yields for each element by means of 
Ga+ are currently unavailable so the data provided by Storms et al [163] for 13.5 keV O- 
bombardment of the elements in their pure form have been used instead. Based on the SIMS 
equation (Equation 3.1), then the total number of ions for each element can be estimated from 
the product S × Y+. The sum of all elements in either phase gives the total ion yield (i.e. Σ(S 
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× Y+)). Based on this, the total yield for the γ is approximately 1.82 times larger than that of 
the γ’. This result does not reflect the observations in Figure 3-6b. The enhanced secondary 
ion yield from the γ’ must arise from some other mechanism. It is speculated that the 
enhancement relates to residual oxygen. The FIB system achieves vacuum pressures no better 
than 1×10-6 mbar and the possibility of oxygen arriving at the surface during analysis will 
exist. As the ion beam rasters across each data point, the residual oxygen settles on the 
surface to increase secondary ion yields. Previous discussions described how Al, in 
particular, undergoes oxygen yield enhancement. Therefore, given the superior levels of Al in 
the γ’-precipitates compared to the γ-matrix (12. 73 compared to 0.59), it   appears that the 
brighter contrast arises from this mechanism. Later chapters will demonstrate the usefulness  
of this contrast mechanism in identifying regions of γ’-depletion and recrystallisation.  
The final contrast mechanism concerns the cross-section of shot-peened FGRR1000 in Figure 
3-7. Channelling contrasts persists both inter-granularly and within the grains themselves. 
Previous investigations [171] using EBSD have shown that it is possible for sub-grains of 
different orientations to form through deformation. In the same manner that strong 
channeling exists between grains of large mis-orientation, small orientation differences, such 
as sub-grains, are attributed to the more subtle changes in ion channeling and therefore, the 
contrast in the deformed regions. 
 
Figure 3-7 IISEI micrographs of shot-peened FGRR1000 imaged at various tilt angles illustrating the effects of 
deformation on the channelling contrast: (a) 0°, (b) 7.5° and (c) -7.5°.  
3.4.5 Alloy cross-section preparation by FIB 
Later chapters of this thesis will demonstrate how the oxidation times and temperatures used 
in this investigation resulted in the formation of relatively thin oxide scales (< 2µm). This 
made it necessary to use an alternative method of cross sectioning that would increase the 
projection of the oxidation-induced damage in vertical scale for subsequent materials 
characterisation. This was achieved through shallow-angle bevelling of the specimens using 
FIB milling. Figure 3-8 illustrates this schematically and demonstrates how milling at an 
 boundary
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angle θ to the plane on the surface produces a cross-section that exaggerates the true 
thickness xtrue of the oxidation damage. 
 
Figure 3-8 Schematic of the FIB bevelling method used in the preparation of cross-sections for various 
characterisation techniques.  
The projected thickness as viewed in the FIB xviewed, assuming a zero stage tilt, is related to 
the milling angle θ by:  
𝑥!"#$ = 𝑥!"#$#%𝑡𝑎𝑛 𝜃  (3.2) 
From this simple relationship, it is easy to calibrate the vertical scale for any cross-section 
milled at all angles. The tangential nature of Equation 3.2 implies that very large projections 
of the oxidation damage can be achieved when applying shallow milling angles. For example, 
a milling angle of θ = 15° was regularly used for the 700°C specimens where the kinetics 
were slowest, and increased the depth of all features by a factor of four. The implementation 
of this methodology was particularly important for FIB-SIMS mapping methods and this 
methodology increases the equivalent number of data points in a single pixel by the same 
factor.  
The actual method used to prepare cross-sections involved first depositing a thin Pt strip of 
dimension 20 µm × 3 µm × 1 µm on the surface. This provided both protection to the oxide 
from unwanted sputter damage and a suitable reference point for scale measurements. The 
trench itself was milled using successively smaller beam currents starting from 20 nA down 
to 0.5 nA for final polishing. The width of the trench was set to 20 µm for all milling 
procedures of this sort. The choice of the milling angle was inferred through successive 
milling trials at various angles to determine what angle would best project the oxidation 
features in the vertical scale. As a prerequisite for FIB-SIMS mapping, the milling should not 
External Scale
Analysis Direction
Milling Direction
Internal Oxide and RX 
Region 
Base Alloy
Actual Thickness
θ xtrue
xbevel
xviewed
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project the maximum depth of internal oxidation to values greater than 13.1 µm to satisfy a 
maximum mapping area of 15.2 µm x 13.1 µm. This allowed the map to fit easily into the 
milled cross-section width of 20 µm and reduced any loss of signal due to interaction of the 
sputtered ions with the crater wall.   
3.4.6 Quantification of Oxidation Products 
Measurements of the external oxidation, internal oxidation and γ’-depletion/recrystallisation 
were made using the oxide cross-sections prepared and imaged using FIB methods. Figure 
3-9 shows a schematic of the scale measurements made relative to the surface of the material. 
As shown, the Pt-deposited external oxide acted as a suitable reference point for all feature 
measurements. The IISEI micrographs were used to determine the external oxide thickness, 
whereas the internal oxidation and γ’-depletion/recrystallisation were estimated from the TPII 
micrographs. A number of measurements were taken from at least two cross-sections to 
provide an average value using the open source software ImageJ.  
 
Figure 3-9 Definition of oxidation measurements: (a) IISEI and (b) TPII. 
Further quantification of the internal oxidation estimated the area of the internal oxide 
precipitates. This analysis was completed using a combination of ImageJ and Matlab. For all 
temperatures, the area was determined for a set width of 15 µm, for two cross-sections, to 
give a total sample width of 30 µm. Figure 3-10 describes the methodology used to determine 
the internal oxide area. First, the external/internal oxide interface is carefully traced and 
copied onto a black background (Figure 3-10a-b). An Otsu-type filter is then applied to the 
extracted region such that the internal oxides appear as the white particles visible in Figure 
3-10c. This image is finally converted to a binary image for analysis in Matlab (Figure 
3-10d). The binary image assigns white and black pixels a value of one and the zero, 
(b)(a)
Internal 
oxidation 
depth
γ’-depletion/ 
recrystallisation 
depth
external 
oxide depth
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respectively. The numbers of black pixels are evaluated using a counter-script in Matlab. The 
total internal oxide area is then simply the product of the total number of black pixels and the 
equivalent area of a single pixel.  
 
Figure 3-10 Schematic of the process used to determine the internal oxide area beneath the external scale. 
3.4.7 FIB-SIMS mapping 
FIB-SIMS mapping was conducted on the FIB prepared cross-sections as previously 
described. Before mapping, a fiducial box of dimensions equal to those of the FIB-SIMS 
mapping area was milled, as shown in Figure 3-11. This was necessary to achieve sound 
alignment of the 16O- and 18O- maps.  
 
Figure 3-11 Example of FIB Prepared cross-section with fiducial marker for FIB-SIMS mapping. 
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The mapping area was chosen to maximise the number of data points in each map and to 
ensure that no overlap of pixels occurred. The primary ion beam has a beam width of ~30 nm 
at 100 pA, therefore, by using a minimum HFW of 10.1 µm (i.e. 35 kX) as an example, this 
equates to a pixel width of ~40 nm, implying that no overlap of pixels should occur. 
Acquisition of the 16O- and the 18O- signals employed different beam currents. This reflected 
the need to maximise the 16O- counts, whilst minimising the damage to the mapped area, 
before collection of the 18O- signal. For the mapping area used, the dwell time satisfied an ion 
dose of <5 x 1019 ions cm-2 for the 16O- and <1 x 1020 ions cm-2 for the 18O-. The relevant 
experimental chapters provide the specific details of the FIB-SIMS mapping conditions (i.e. 
beam current, milling angle and mapping area).  
In order to account for any anomalous variations in secondary ion intensities resulting from 
unstable ionisation of 16O- and 18O-, further analysis used the isotopic fraction v of the oxygen 
isotopes distributions. The use of the isotopic fraction v is more appropriate than the count 
data itself since the ratios eliminate the anomalous variations in secondary ion intensities 
resulting from the unstable ionisation of 16O- and 18O-. For this reason, the spurious variations 
in signal intensity due to sample topography, localised charging and instrumental factors can 
be ignored. Neglecting the contribution from 17O-, which has a natural abundance of 0.00037, 
the isotopic fractions was calculated as:  
𝑣 = 𝑂!" !𝑂!" ! + 𝑂!" !  (3.3) 
where 𝑂!" !  and 𝑂!" !   are the 16O- and 18O- intensities obtained from the FIB-SIMS maps, 
normalised to the total counts, respectively. Following this, normalisation of v to the 
background, this accounted for the 18O2 gas-phase concentration (0.97) and the 18O2 natural 
isotopic abundance (0.0024), yielded the corrected isotopic fraction C, given by: 
𝐶 = 𝑣 − 0.00240.97− 0.0024     (3.4) 
Application of equation 3.4 on a point-wise basis of the 16O- and 18O- maps, to form isotopic 
fraction (IF) maps, highlights regions of isotopic enrichment.  
The ability of FIB-SIMS mapping to provide the relative spatial distributions of the 16O and 
18O species gives it a distinct advantage over previous isotopic oxidation studies, which used 
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SIMS depth profiling methods[20,172]. However, as the maps are m ×n elemental arrays 
containing the spatial distribution and the intensities of the 16O- and 18O- species, allowed 
them to be used to compute depth profiles of isotopic fraction. Isotopic fraction depth profiles 
were computed using an integrated line scan (ILS) method in MATLAB. This is an average 
of the integrated secondary ion intensity for a line scan width of N pixels at each depth 
increment x, to give a column vector C(x). Mathematically, this may be represented as: 
𝐶(𝑥) = 1𝑁 𝑂!" !!!𝑂!" !!! + 𝑂!" !!!  (3.5) 
The isotopic fraction at each depth increment C(x) is then normalised according to Equation 4 
to give C’(x). Depth calibration simply required knowledge of the HFW and the milling 
angle. Some examples will show how the IEDP’s were fitted to Fick’s second law for 
diffusion to determine the oxygen tracer diffusivity in the EO; Chapter 4 discussed this 
further.  
3.4.8 FIB TEM sample preparation  
Site-specific TEM foil preparation requires the use of sophisticated FIB in situ lift-out and 
thinning. Foil preparation in this work utilised an FEI Helios NanoLab DualBeam FIB/FEG-
SEM. The process includes many steps and Figure 3-12 describes some of these. Figure 
3-12a shows the specific ROI before Pt-deposition and milling. Next, a Pt-strip (17.5 µm × 
2.5 µm × 2 µm) is deposited over the ROI. The foil is prepared by milling trenches either side 
of the foil, followed by thinning down to an initial thickness of approximately 1.5 µm. The 
foil is then detached from the bulk material, apart from a single ligament, which holds the 
specimen before lift out (Figure 3-12b). An Omniprobe is used to remove the specimen from 
the material and is then attached to a TEM grid (Figure 3-12c). The foil undergoes a series of 
milling steps to achieve the desired final thickness (~200 nm). Figure 3-12d shows the foil 
after the first polish with higher beam currents, whereas Figure 3-12e shows the foil after 
final thinning. Figure 3-12f shows measurements of the foil thickness for the foil in Figure 
3-12e. Notice that the thinning procedure has produced the desired thickness of ~200 nm, 
suitable for TEM examination.  
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Figure 3-12 TEM thin-foil preparation using FIB: (a) specific ROI, (b) foil before lift out, (c) attachment of foil 
to grid, (d) foil after first thinning, (e) final foil and (f) measurements of the final foil thickness.  
3.5 Residual stress measurement by the X-ray diffraction and the sin2ψ method 
Residual stresses exist in a body at equilibrium with its environment without the influence 
from any other external forces and do not contribute towards maintaining the equilibrium 
[173]. This work is concerned with the type-I stresses (macroscopic) that exist in the alloy 
due to shot-peening. Measurement of these stresses utilised the XRD sin2ψ method. The 
XRD measurements were conducted at Manchester University using a Proto Residual Stress 
Analyser in conjunction with electrolytic layer removal. 
To describe the main principles of this method, consider the schematic given in Figure 3-13 
which shows the diffraction of monochromatic x-rays in a stressed material for two separate 
orientations. The angle ψ defines the orientation of the sample surface relative to the incident 
S and diffracted X-rays D and is the angle between the surface normal N and the bi-sector of 
S and N. Notice in Figure 3-13a that the bisector runs parallel to N when ψ = 0.  
2 μm 4 μm 10 μm
2 μm 2 μm 250 nm
(e)(d) (f )
(b)(a) (c)
225 nm
230 nm217 nm
TEM grid
omniprobe
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Figure 3-13 Schematic showing the principles of the XRD sin2ψ method for residual stress analysis: (a) ψ = 0 
and (b) ψ = ψ. Adapted from Prevéy [174]. 
Diffraction occurs at the angle 2θ when Bragg’s law is satisfied:  
𝑛𝜆 = 2𝑑𝑠𝑖𝑛θ (3.5) 
where n is an integer, λ is the characteristic wavelength of the X-ray used and d is the lattice 
spacing. The application of a stress will alter the lattice spacing d, and in accordance with 
Equation 3.5, the diffraction angle 2θ shifts depending whether contraction or expansion 
occurs.  Figure 3-13a shows the sample orientated at ψ = 0, where lattice contraction to d0 
shifts 2θ to higher angles. Rotating the sample by ψ = ψ produces an increased lattice spacing 
dψ so that 2θ shifts to lower angles. Measurement of this shift for a particular plane of Miller 
indices {hkl}, at a number of ψ offsets, allows for calculation of the stress.  
The lattice spacing is given by the plane-stress elastic model, which assumes a state of plane 
stress, allowing the stress state to be defined by the principal stresses σ1 and σ2 [174]. 
Although σ3 = 0, a strain ε3 exists perpendicular to the surface due to the principle stresses. It 
follows that the lattice spacing dϕψ due to ε3 = εϕψ for a direction defined by ϕ and ψ is: 
𝑑!" = 12 𝑆!!!"𝜎!𝑑! sin! 𝜓 − 𝑆!!!"𝑑! 𝜎! + 𝜎! + 𝑑! (3.6) 
where σϕ is the stress along the ϕ direction in the surface plane (ϕ itself is the angle between 
σϕ and σ1), 𝑆!!!" = (v/E)hkl and !! 𝑆!!!" = [(1 + v)/E]hkl, E is modulus of elasticity, v is the 
Poisson ratio and d0 here is the stress-free lattice spacing [174]. The lattice spacing dϕψ is a 
linear function of sin2ψ and, therefore, the gradient of the line dϕψ versus sin2ψ can be used to 
solve for σϕ, hence:  
2θ d0
N
SD
σσ
σ
σ
ψ
dψ
N
SD
(b)(a)
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𝜎! =    1𝑑! 𝜕𝑑!"𝜕 sin! 𝜓 2𝑆! !!" (3.7) 
With prior knowledge of the elastic constants, only the unstressed lattice spacing d0 is 
required to solve for σϕ. Finally, if E >> (σ1 + σ2) and setting sin2ψ = 0 in Equation 3.6, then 
the unstressed lattice spacing is approximated by dϕψ = dϕ0 = d0 [174]. Analysis of σϕ as a 
function of depth, achievable through successive measurements following electrolytic layer 
removal, produces the residual stress depth profiles desired in this work. Chapter 6 provides 
the specific details of the methodology adopted in this work.  
3.6 Thermodynamic Modelling in JMatPro 
Many aspects of this work rely on the JMatPro thermodynamic modelling software for 
further discussions of the results obtained experimentally. JMatPro is a thermodynamic 
modelling software package based on the CALPHAD (CALculation of PHAse Diagrams) 
method, which allows phase equilibria and thermodynamic property determination in multi-
component systems [175].  
In its broadest sense, the CALPHAD method aims to minimise the total free energy of a 
multi-component system of many phases. To do this, the method employs various 
mathematical models that describe the thermodynamic properties of the system. These 
models rely on the input of coefficients, derived from experimental findings, available in 
various databases, such as the TTNI5 database used in this work. Most models are broadly 
described by the general formula for the Gibb’s free energy of a phase 𝐺: 
𝐺 =   𝐺! + 𝐺!"#!"#$% + 𝐺!"#!"  (3.8) 
where 𝐺! is the free energy of a phase in its pure form, 𝐺!"#!"#$% is free energy of mixing for an 
ideal system (i.e. considers the configurational  entropy) and 𝐺!"#!"  is the excess free energy 
(equivalent to the enthalpy of mixing in a regular solution). The main models used by the 
CALPHAD method include the substitutional and sublattice models [176]. The substitutional 
model is far less complex in comparison to the sublattice model. In its simplest terms, the 
substitutional model describes the interactions when the components of a system can mix on 
any of the spatial positions possessed by the phase [175]. For a close-packed structure such as 
fcc, this corresponds to lattice sites at the faces and the corners of the cubic lattice. As a 
simplification, the model assumes that the magnitude and the sign of these interactions do not 
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vary with composition. Furthermore, interactions only occur between nearest neighbours on 
the lattice. The sub-lattice model considers that a number of interlocking sub-lattices make up 
the phase [176]. Interactions arise between the sub-lattices and on the sublattices themselves. 
Unlike the substitutional model, the interaction terms are now concentration dependent. The 
number of sublattices required will be system dependant and will increase with the 
complexity of the system itself [176]. The role of the JMatPro software is to apply these 
models, using the database as a source of the required coefficients, and minimise the total 
free energy of the system.  
JMatPro has been used to model various properties in this work, including: the γ/γ’ phase 
quantities, phase compositions, lattice misfit, phase molar volumes and theoretical densities. 
As with other methods, the exact application of this modelling is given where necessary.  
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Chapter 4 – Static Oxidation of Fine Grain RR1000 in the 
Polished and Shot-Peened Condition between 700-800°C 
Increased turbine entry temperatures (TET’s) required to improve the turbine efficiency push 
Ni-based superalloys to their operational limits. Higher temperatures demand excellent alloy 
degradation resistance in oxidising environments for the duration of a components 
operational service life. Failure to meet this requirement results in excessive oxidation, which 
reduces the components ability to maintain its mechanical integrity. The oxidation resistance 
will depend on the alloys ability to form, and maintain, a compact and adherent scale that will 
protect the alloy from further oxidation attack [12]. The influence of environmental factors at 
elevated temperatures is now of great importance, in both new alloy design, and those 
currently in-service. The distinct characteristics of the oxide formed are dependent on a 
number of variables including composition, microstructure, environment, temperature and 
surface condition.  
The surface condition of the alloy plays an important role in its resistance against oxidation-
induced damage and can be responsible for both increased rates of oxidation and oxide 
adherence [30,50]. Shot-peening is a widely used surface treatment primarily sought for its 
ability to off-set high mechanical loads at the surface [158]. However, the process itself is 
highly damaging, inflicting both surface and sub-surface on the alloy. Chapter 2 discussed 
how shot-peening effects could be both beneficial and detrimental to an alloys long-term 
integrity. This chapter will seek to clarify the effects of this process for the alloy currently 
under investigation.   
In particular, this investigation involves the oxidation behaviour of the fine grain alloy 
RR1000 in both the polished and shot-peened surface conditions at temperatures between 
700-800°C. The oxidation kinetics and oxidation affected microstructural changes are 
investigated using a number of analytical techniques. The different methodologies have 
allowed for quantification and characterisation of the governing mechanisms pertaining to the 
surface and sub-surface oxidation processes. Complementary thermodynamic modelling 
using JMatPro has facilitated an understanding of the phase stability leading to the 
microstructural changes resulting from the oxidation.  
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4.1 Specific Experimental Details   
4.1.1 Materials 
Static and isotopic oxidation experiments used specimens of FG RR1000 prepared by EDM 
to dimensions of 15 × 5 × 2 mm3. The specimens were mounted in Bakelite and successively 
ground with 500, 800 and 1200 grit SiC paper for one, two and four minutes, respectively. 
The samples were subsequently broken free from the Bakelite and cleaned in an ultrasonic 
bath of acetone for ten minutes. The shot-peened specimens for use in static exposure 
experiments were peened on one side for use in thermal exposure investigations. TGA of the 
SP specimens used discs ~1 cm in diameter and ~2 mm in thickness. Spark erosion was used 
to make a small hole for attaching the sample to the microbalance in the TGA instrument. 
The samples were then mounted and ground as per the conditions described for the static 
specimens. The TGA specimens were SP only on the main faces of the samples and not the 
edges.  
4.1.2 Static Oxidation Exposures 
Static oxidation experiments were carried out in laboratory air using a high temperature 
furnace at 700, 750 and 800 °C. The specimens themselves were placed on a silica-glass boat 
to ensure that they were not in contact with the refractory materials of the furnace. In all, each 
of the temperatures investigated used four different exposure times. Table 4-1 provides the 
oxidation times for each temperature studied. Note the much shorter oxidation times used at 
800 °C reflecting the accelerated oxidation kinetics. Finally, conducting the P and SP 
exposures in parallel at each temperature guaranteed that the two specimens experienced 
exactly the same conditions.  
Temperature, T 
(°C) 
Exposure 1 time, t1 
(h) 
Exposure 2 time, t2 
(h) 
Exposure 3 time, t3 
(h) 
Exposure 4 time, t4 
(h) 
700 48 96 144 200 
750 48 96 144 200 
800 24 48 96 120 
Table 4-1 Exposure times used for static oxidation experiments in normal laboratory air. 
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4.1.3 Isotopic Oxidation Exposures 
Isotopic oxidation studies were completed using the isotopic exchange rig and samples were 
annealed according to the method described in Chapter 3. Table 4-2 provides the specific 
anneal times at each temperature investigated. The increase in both the 16O2 and 18O2 
exposure times at lower temperatures reflects the sluggish nature of the oxidation kinetics. 
Temperature, T 
(°C) 
16O2 anneal time, 
t16 (h) 
18O2 anneal time, 
t18 (h) 
700 134 96 
750 96 72 
800 72 48 
Table 4-2 Exposure times for isotopic oxidation experiments from both the 16O2 and 18O2 anneals. 
4.1.4 Thermogravimetric Analysis  
TGA tests were conducted at 700, 750 and 800°C using a Seteram ‘Setsys Evaluation’ TGA 
system at Cranfield University. Exposures lasted 100 hours with a time interval of 72 seconds 
for each mass gain measurement. The environment consisted of a flowing gas of dry air.  
4.2 Characterisation and Modelling  
4.2.1 FIB Milling and Imaging  
Oxide cross-section preparation and imaging utilised the FEI FIB-200 SIMS workstation. 
The cross sectioning was completed using the method previously described in Chapter 3. 
Sectioning applied various milling angles, ranging from 15-30° to the surface, in order to 
maximise the projection of the relevant features. Appropriate calibration of the vertical scale 
bars takes into account the milling angle used. Subsequent imaging, conducted in both the 
IISEI and TPII ion modes using a 50 pA current, provided detailed micrographs of the oxide 
cross sections. At least two cross sections were made at each temperature/time as given in 
Table 4-1.  
4.2.2 FIB-SIMS 
FIB-SIMS mapping consistently employed a beam current of 100 pA and raster area of 256 x 
221 pixels for all temperatures and surface conditions. The choice of bevelling angle, map 
horizontal field width (HFW) and dwell times varied for the different surface finishes and 
exposure temperatures for the reasons discussed in Chapter 3. Table 4-3 and Table 4-4 
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provide the FIB-SIMS mapping parameters determined for the P and SP specimens, 
respectively. The vertical field height (VFH) provided is the calibrated field height based on 
the milling angle used.  
Temperature, T 
(°C) 
Beveling 
angle (°) 
 HFW 
(µm) 
 VFH 
(µm) 
 Pixel 
width (nm) 
16O- dwell 
time (s) 
18O- dwell 
time (s) 
700 15 10.1 2.1 40 1.0 1.5 
750 15 12.2 2.8 47 2.0 3.0 
800 30 15.2 7.6 60 3.0 4.0 
Table 4-3 FIB milling and mapping conditions used for polished FG RR1000 
Temperature, T 
(°C) 
Beveling 
angle (°) 
HFW 
(µm) 
 VFH 
(µm) 
Pixel width 
(nm) 
16O- dwell 
time (s) 
18O- dwell 
time (s) 
700 15 10.1 2.1 40 1.0 1.5 
750 20 15.2 4.8 60 3.0 4.0 
800 30 15.2 7.6 60 3.0 4.0 
Table 4-4 FIB milling and mapping conditions used for shot-peened FG RR1000 
4.2.3 SEM-EDS 
SEM-EDS line-scans were acquired from the oxide cross-sections prepared using FIB milling 
using a Carl Zeiss Leo 1520 FEG-SEM with an accelerating voltage of 20 kV and with a 120 
mm aperture. 
4.2.4 TEM  
TEM foils of the recrystallised region were prepared using the site-specific FIB lift out 
method described in Chapter 3. Analysis used imaging, diffraction and EDS modes. EDS was 
conducted in the point mode with a 30s acquisition time. The recrystallised region was 
extracted from the alloy with the specimen mounted in cross-section (perpendicular to oxide 
growth direction) as opposed to extracting the foil specimen from the top surface (parallel to 
oxide growth direction). Figure 4-1 illustrates the two lift out directions schematically for a 
cross sectioned sample of oxidised material. This method produced a foil containing only the 
recrystallised and internally oxidised regions only.  
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Figure 4-1 Schematic of different lift out directions for TEM foil production. The dashed lines represent the lift-
out direction. 
4.2.5 JMatPro Thermodynamic Modelling  
Thermodynamic modelling was conducted to investigate the local compositional changes 
during the oxidation that lead to γ’-phase dissolution. This required a systematic approach, 
which entailed removing Al and Ti from the starting bulk composition in small quantities. 
Naturally, removing either of these elements increases the relative concentrations of the other 
elements present. Different combinations of Al and Ti were produced by successively 
removing 0.5 wt.% of each element from the composition down to zero, to give a total of 56 
compositions. Note that, in the first instance, 0.6 wt.% Ti was removed since the starting 
composition contained 3.6 wt.%; however, 0.5% steps were implemented thereafter. 
Furthermore, this approach does not account for the Cr depletion that will inevitably occur 
close to the surface.  
Additional compositions were modelled to assess the γ/γ’-misfit due to Cr, Al and Ti 
depletion during oxidation. Each element was assessed individually. Cr was removed in steps 
of 3% wt.% starting at 15 wt.%. Al was removed in steps of 0.5 wt.% starting at 3.0 wt.%. 
For Ti, initially 0.6 % was removed from the starting composition of 3.6 wt.% and then 0.5 
wt.% was removed thereon. 
 
 
 
 
Lift-out  parallel to oxide growth 
direction
Lift-out perpendicular to 
oxide growth direction
External oxide 
Internal oxide and 
recrystallised region  
Base alloy
 89 
4.3 Results 
4.3.1 Oxide Cross-sectional Morphologies  
4.3.1.1 Oxidation of Polished FG RR1000 – Overview 
Figure 4-2 shows the cross-sectional oxide morphologies belonging to the polished alloy 
following exposures of 700°C for 230 hours (a and b), 750°C for 168 hours (c and d) and 
800°C for 120 hours (e and f). Note that, these specimens are those from the isotopic 
oxidation.  The cross-sections reveal the formation of an adherent external oxide (EO) scale 
with regions of the internal oxides (IO) fingers at the bulk grain boundaries for all 
temperatures. Inclusive of these oxidation products, exist regions of γ’-dissolution (GPD) and 
recrystallised grains (RX). In the context of this work, a recrystallised grain is defined as a 
grain that exhibits complete γ’-dissolution. The recrystallised regions are further 
characterised by the formation of recrystallisation twins. The morphology and extent of these 
features, however, differs amongst the different temperatures investigated. Table 4-5 
summarizes the observations from cross-sectional morphologies observed in Figure 4-2. 
Temperature 
(°C) 
 Notable Observations 
700 
No large contrast differences observed in external oxide, nor discrete oxide particles at surface.  
Very fine internal oxides at grain boundaries.  
Some isolated intragranular internal oxides but may be tips of deep penetrating internal oxide 
fingers.  
No extensive γ’-dissolution/recrystallisation with retained γ’-precipitates close to surface. 
Some recrystallisation in absence of internal oxides.  
750 
Discontinuous oxide forms above bulk external oxide layer. 
Grain boundary internal oxides considerably thicker.  
Some smaller, grain boundary internal oxides form along fine recrystallised grain boundaries.  
Isolated intragranular oxides adjacent to grain boundaries amongst un-dissolved secondary-γ’. 
Discontinuous γ’-dissolution/recrystallisation with most significant dissolution close to external 
oxide.  
Extensive γ’-dissolution in grain boundaries ahead of internal oxide fingers connected to 
primary-γ’. This observation implies that the primary-γ’ act as long range Al “reservoirs”. 
800 
Similar external oxide appearance to that at 750°C.  
Semi-continuous oxide layer forms below external oxide.  
Internal oxides link up at grain boundaries of the recrystallised grains.  
Continuous γ’-dissolution/recrystallisation front compared to lower temperatures.  
Un-dissolved primary-γ’ behind main γ’-dissolution/recrystallisation front.  
Table 4-5 Summary of the notable observation made from oxide cross-sections of polished FGRR1000 
following exposure between 700-800°C.  
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Figure 4-2 FIB oxide cross-sections for polished FG RR1000 following exposure in O2 (200 mbar) between 
700-800°C (a) 700°C IISEI, (b) 700°C TPII, (c) 750°C IISEI, (d) 750°C TPII, (e) 800°C IISEI and (f) 800°C 
TPII. 
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4.3.1.2 EDS line-scans at 800°C 
Figure 4-3 reveals the distributions of the most relevant elements in the oxide cross-section 
using the EDS line-scans obtained for the 800°C specimen. First, considering the O profile, 
the large peaks represent the external oxide, whereas the succeeding smaller peaks belong to 
the grain boundary internal oxides. The external scale consists of Cr and Ti-based oxides. 
Comparison of the relative Cr and Ti intensities indicates that the external oxide comprises of 
mostly Cr2O3 with dissolved Ti. This agrees with previous analysis [59] conducted on this 
alloy and others [5,56,57,60], which identified Cr2O3 as the primary external oxide. The Ti 
profile exhibits two distinct peaks, which coincide with the leading edge (~1 µm) and the tail 
of the O profile (~2 µm), indicating Ti-oxides above and below the Cr2O3. The upper TiO2 
appears as the discontinuous dark oxide layer at the surface of the external scale in the IISEI 
images. Based on the initial analysis of this alloy and others, the Ti peak is attributable to an 
external layer of TiO2 [5,56,57,59,60]. The Cr and Ti profiles indicate depletion of these 
elements in the region immediately after the external oxide (~2 µm). The Ti undergoes 
extensive depletion compared to that of the Cr. The Cr maintains ~20% of the maximum 
signal relative to that of the peak intensity associated with the external scale. The Al signal 
exhibits two distinct peaks at ~3.5 µm and ~4.5 µm, confirming Al2O3 internal oxide 
formation in the sub-surface. The peak-like nature of the Al signal owes itself to the 
preferential formation at the grain boundaries. The Al signal also decreases to background 
levels after the peaks in intensity to suggest extensive Al depletion in the sub-surface.  
 
Figure 4-3 EDS lines scans obtained from polished FG RR1000 oxidised at 800°C for 120 hours. Note that this 
figure does not include the profiles Hf, Mo, Ta, B, C and Zr.  
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4.3.1.3 Oxidation of Shot-Peened FG RR1000 – Overview 
Figure 4-4 shows the cross-sectional oxide morphologies belonging to the polished alloy 
following exposures of 700°C for 230 hours (a and b), 750°C for 168 hours (c and d) and 
800°C for 120 hours (e and f). Note that, these specimens are those from the isotopic 
oxidation. Again, the alloy forms an adherent external oxide scale with internal oxides 
penetrating into the bulk alloys, recrystallisation and γ’-depletion. Shot-peening clearly 
influences the oxidation behaviour of this alloy, with observations suggesting that the internal 
oxidation and the γ’-dissolution/recrystallisation are most affected. At all temperatures, the 
internal oxidation now forms a network of grain boundary precipitates with a necklace-like 
morphology. The oxides form around the recrystallised grains and produce a relatively 
continuous reaction front in comparison to the polished alloy. In general, much finer but 
more frequent internal oxides form relative to the polished alloys. Recrystallisation twins are 
again present in the recrystallised regions. The main observations at the different 
temperatures are this time summarised in Table 4-6.  
Temperature 
(°C) 
 Notable Observations 
700 
Similar oxide scale morphology to that of the polished alloy.  
Internal oxides precipitate as fine grain boundary oxides.  
Internal oxidation front largely planar in comparison to polished alloy.  
Some islands of internal oxides but, as indicated, not be mistaken for primary-γ’.  
Mostly continuous γ’-dissolution/ recrystallisation front but with much less γ’ retained behind 
main front in comparison to polished alloy.  
750 
Similar external oxide morphology but evidently thicker than the polished alloy (see scale bar). 
Internal oxides more frequent than in polished alloy, maintains necklace-like appearance.  
No evidence of isolated internal bulk oxides.  
Mostly continuous γ’-dissolution/ recrystallisation front but primary-γ’ retained behind 
migrating boundary.  
No evidence of preferential γ’-dissolution along grain boundaries ahead of grain boundary 
internal oxides.  
800 
Largely similar to 750°C but with expedited growth of all features due increase in temperature.  
Internal oxide mostly maintains its necklace-like morphology. Grain boundary oxides are 
evidently thicker due to extensive lateral growth.  
Mostly continuous γ’-dissolution/ recrystallisation front with no primary-γ’ retained behind 
migrating boundary.  
No evidence of preferential γ’-dissolution along grain boundaries ahead of grain boundary 
internal oxides. 
Table 4-6 Summary of the notable observations made from oxide cross-sections of shot-peened FGRR1000 
following exposure between 700-800°C.  
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Figure 4-4 FIB oxide cross-sections for shot-peened FG RR1000 exposed at 700-800°C (a) 700°C IISEI, (b) 
700°C TPII, (c) 750°C IISEI, (d) 750°C TPII, (e) 800°C IISEI and (f) 800°C TPII. 
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4.3.1.4 EDS line-scans obtained from shot-peened alloy after 800°C exposure 
The EDS line-scans obtained for the shot-peened specimen exposed at 800°C have a similar 
form to those obtained for the polished specimens at this temperature. The line-scan 
technique identified no further species present in either the external or internal oxides layers. 
The external oxide comprises of both TiO2 and Cr2O3 layers, with the TiO2 existing above, 
and below, the bulk Cr2O3 scale. These particular line-scans describe this property of the 
external oxide particularly well as the Ti profile exhibits two very distinct peaks either side of 
the Cr peak. The Al curve illustrates grain boundary Al2O3 precipitates with four distinct 
peaks between 2 µm and 4 µm, which coincide with the four smaller peaks observed for O 
profile. Considering the depletion of the oxide forming elements, the Cr maintains ~40 % of 
the peak intensity corresponding to the external scale, whereas the Al and Ti curves decrease 
to background intensities. The curves belonging to the Ni and Cr exhibit similar behaviour to 
the polished alloy.  
 
Figure 4-5 EDS lines scans obtain from shot-peened FG RR1000 oxidised at 800°C oxidised for 120 hours. 
Note that this figure does not include the profiles Hf, Mo, Ta, B, C and Zr.   
4.3.2 FIB-SIMS  
4.3.2.1 Elemental Mapping of 16O- and 18O- 
Figure 4-6 and Figure 4-7 show the FIB-SIMS 16O- and 18O- elemental maps obtained using 
the cross-sections previously given in Figure 4-2 and Figure 4-4, respectively. The pixel 
intensities have been normalised to the total counts in each array and the dashed yellow line 
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represents the surface of the external oxide. This is particularly useful in Figure 4-6b and 
Figure 4-7b, where the SIMS mapping process has sputtered through the protective Pt-strip to 
expose the surface oxide below.  
The 16O- maps (Figure 4-6a, c & e and Figure 4-7a, c & e) represent the oxide growth that 
occurs in the first part of the two-stage exposure. The maps confirm the existence of the 
external scale with the internal oxides directly beneath in the base alloy. Note that the relative 
intensity of the 16O- signals in internal oxide regions, in comparison to the external oxide, 
does not necessarily imply higher oxygen contents but reflect the different secondary ion 
yields for the two oxides. Likewise, the 18O- maps (Figure 4-6b, d & f and Figure 4-7b, d & f) 
signify the oxygen transport and oxide growth during the second half of the two-stage 
exposure. The proficiency of the FIB-SIMS mapping technique reveals the new oxide growth 
as well as the clearly identifying short circuit oxygen diffusion in the base alloy.  
Comparison of the 16O- and 18O- ion distributions at all temperatures indicates that the 
external scale contains 18O-rich regions at the surface and within the bulk external oxide. This 
illustrates oxygen transport taking place through the external oxide to form new oxide at the 
alloy/oxide interface, but at the same time new oxide forms at the gas/oxide interface. Indeed, 
this would be expected given that the Cr2O3 normally grows through outward cationic growth 
(i.e. p-type behaviour)[20]. Therefore, the oxide grows through simultaneous counter-current 
transport of inwardly diffusing oxygen anions and outwardly diffusing Ti and Cr cations. The 
actual oxygen transport paths are undeterminable from these FIB-SIMS maps here; however, 
previous studies[19] have demonstrated the FIB-SIMS ability to identify grain boundary 
diffusion.  
The FIB-SIMS mapping also reveals the dominant oxygen transport paths as well as the 
regions of new internal oxidation. Concerning the oxygen transport, the 18O- maps show 18O-
enrichment at the internal oxide/alloy grain boundary interface. Figure 4-7d & Figure 4-7f 
reveal this less clearly, as opposed to Figure 4-6c and Figure 4-6d of the polished alloy, 
which demonstrate this very clearly. This observation, therefore, indicates preferential 
oxygen diffusion along this interface as previously suggested for Ni-Al alloys [33,35,36]. 
Regarding the new oxide formation, the 16O- maps of both surface finishes, and all 
temperatures, reveal greater 16O-enrichement in the internal oxide regions closest to the 
surface compared to the reaction front, where the oxides exhibit a weaker 16O- signal. The 
18O- maps, however, exhibit higher secondary ion intensities in the regions of diminished 16O- 
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signal. Hence, the oxides at the internal oxide front are 18O-rich oxide and represent new 
oxide formation during the second stage exposure. Note that the 16O- signal does not 
completely diminish in this region and therefore consists of oxides rich in both 16O and 18O. 
The 18O-enrichment could imply a build-up of oxygen at the internal oxide front due to the Al 
depletion ahead of it. Overall the FIB-SIMS maps describe a situation whereby oxygen 
diffusing fast along the alloy/internal oxide interface reacts with the Al flux arriving from the 
bulk alloy at the limit of the reaction front to form new internal oxide precipitates.  
The absence of these features in the maps belonging to the 700°C specimens is a 
consequence of less extensive oxidation at the lower temperatures. The relatively thin 
precipitates compared to those formed at 750-800°C, coupled with the lower levels of 
dissolved oxygen in the base alloy, make it difficult to identify such transports mechanisms. 
Detecting these transport paths at lower temperatures is simply beyond limit of the FIB-SIMS 
sensitivity and lateral resolution. Nevertheless, the FIB-SIMS elemental mapping technique 
readily identifies the main transport mechanisms during oxide growth. It appears that, 
regardless of the surface condition, the underlying transport mechanisms governing oxide 
growth remain the same.    
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Figure 4-6 FIB-SIMS elemental mapping (16O- and 18O-) of the oxide cross sections given in Figure 4-2: (a) 
700°C 16O-, (b) 700°C 18O-, (c) 750°C 16O-, (d) 750°C 18O-, (e) 800°C 16O- and (f) 800°C 18O-.  
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Figure 4-7 FIB-SIMS elemental mapping (16O- and 18O-) of the oxide cross sections given in Figure 4-4: (a) 
700°C 16O-, (b) 700°C 18O-, (c) 750°C 16O-, (d) 750°C 18O-, (e) 800°C 16O- and (f) 800°C 18O-. 
 
 
 
0 1 2 3 4 5 6 7 8
0
0.5
1.0
1.5
2.0
0 1 2 3 4 5 6 7 8
µm
µm µm
(a)
 
0 5 10 0
0
1.0
2.0
3.0
4.0
5.0
6.0
7.0
µm
µm 5 10 15µm
(f )(e)
 
0 5 10 0
µm
µm 5 10 15µm
0
1.0
2.0
3.0
4.0
16O rich IO 
interfacial 
transport
interfacial 
transport
EO
EO
EO EO
EO
(b)
EO
(d)(c)
 
01
Normalised Intensity per Pixel
18O enrichment 
at IO front
18O enrichment 
at IO front16O rich IO 
16O rich IO 
18O enrichment 
at IO front
 99 
4.3.2.2 Determination of oxygen diffusivity in external oxide  
The FIB-SIMS maps presented in Figure 4-6, Figure 4-7 and others (not shown) were used in 
further analyses to determine the oxygen diffusion coefficients through the external scale. 
This requires computation of the isotopic enrichment depth profiles (IEDP’s) from each pair 
of the FIB-SIMS elemental maps. This methodology applies the isotopic enrichment 
equation: 
𝐶!" =    𝑂!" !"!𝑂!" !"! + 𝑂!" !"!  (4.1) 
To each pixel mn to generate an isotopic fraction (IF) map from which the IEDP is computed. 
The IEDP is simply a column vector, where each element contains the average value of C 
over N pixels, as described in Chapter 3.   
 
Figure 4-8 18O- isotopic enrichment in polished FG RR1000 following exposure at 800°C for 120 hours: (a) 
Isotopic enrichment map and (b) IEDP constructed using (a).  
Figure 4-8 provides an example of an isotopic enrichment map and IEDP, following 
normalisation to the gas phase concentration and background concentration of 18O2 (see 
Chapter 3), for the polished alloy oxidised for 120 hours at 800°C. Note that, Figure 4-6e and 
Figure 4-6f, give the equivalent 16O- and 18O- maps, respectively. In Figure 4-8a, blue regions 
indicate low 18O- enrichment, whereas red regions imply high enrichment. There are two 
regions clearly exhibiting significant 18O- enrichment. The first of these is at the surface 
where outward cationic transport contributes to further external oxidation at the oxide/gas 
interface. The second region, and as previously described in section 4.3.2, represents new 
grain boundary internal oxide growth at the limit of the internal oxidation reaction front.  
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Figure 4-8b provides the equivalent IEDP, which itself portrays three main regions of 18O--
enrichment, indicative of the counter-current diffusion mechanisms previously discussed. The 
first of these at ~0.5 µm, with a peak enrichment of ~0.9, represents the new oxide formation 
at the surface. The enrichment decays rapidly to ~0.2 after 2.0 µm. This decay region denotes 
the oxygen diffusion through the external oxide. A small plateau region of ~0.5 µm in length 
immediately follows. Previous studies [17] attributed these regions to short-circuit diffusion 
via grain boundaries and/or dislocations. The enrichment does not fall to zero in this region, 
thereby indicating either new oxide growth or exchange into 16O-rich oxides. Following this 
plateau, the enrichment increases to ~0.4 and denotes the new internal oxide formation at the 
reaction front. Note that after this peak the enrichment does not fall to zero. This can be 
regarded as “noise”, since no internal oxidation takes place beyond this point, as indicated by 
Figure 4-2f.  
Determination of the oxygen diffusivity through the external scale required only the first part 
of the IEDP (i.e. 0.5 µm ≤ x ≤ 2 µm in the case of Figure 4-8b). The tracer profiles were fitted 
using the solution to Fick’s second law of diffusion for a semi-infinite media with a constant 
source, as described by:  
𝐶′ 𝑥 =   𝐶(𝑥)− 𝐶!"  𝐶! − 𝐶!" = erfc( 𝑥2 𝐷!∗ 𝑡!") (4.2) 
Where C’(x) is the isotopic fraction normalised to Cbg the natural isotopic abundance of 18O2, 
equal to 0.0024, and Cg the gas phase concentration of 18O2, equal to 0.97, x is the distance 
from the surface, t18 is the length of the 18O2 exposure and 𝐷!∗  is the oxygen tracer coefficient. 
In this analysis, the surface was defined as x =0. By definition erfc(0) = 1, therefore, each of 
the elements in C’(x) were normalised. Estimation of the tracer diffusion coefficient 𝐷!∗  itself 
used a non-linear least squares regression analysis of the IEDP’s in the external oxide. Note 
that, attempts to quantify the oxygen diffusivity in the internal oxide proved unsuccessful.  
Figure 4-9 and Figure 4-10 present the IEDP’s in the external oxide and the theoretical curves 
according to the fitted solution for the polished and shot-peened specimens, respectively, 
between 700-800°C. All examples demonstrate a reasonably good agreement between the 
experimental and theoretical data.   
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Figure 4-9 Determination of oxygen tracer diffusion coefficient through the external oxide for polished FG 
RR1000: (a) 700°C, (b) 750°C and (c) 800°C.  
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Figure 4-10 Determination of oxygen tracer diffusion coefficient through the external oxide for SP FG RR1000: 
(a) 700°C, (b) 750°C and (c) 800°C. 
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Table 4-7 provides the corresponding values of 𝐷!∗  in each case, revealing the enhancement 
of the diffusion coefficient in the shot-peened alloy compared to the polished alloy. A very 
small difference exists between the diffusion coefficients at 700°C, as observed in the 
external scale growth. The increase in oxygen diffusivity coincides with the reported increase 
in the external scale growth in the shot-peened compared to the polished specimens. 
Temperature (°C) 𝑫𝑶,𝑷∗  (cm2 s-1) 𝑫𝑶,𝑺𝑷∗  (cm2 s-1) 
700 6.2 x 10-15 7.6 x 10-15 
750 1.1 x 10-14 3.9 x 10-14 
800 3.9 x 10-14 1.4 x 10-13 
Table 4-7 Oxygen tracer diffusion coefficients in the external oxide for polished and shot-peened FG RR1000. 
The apparent activation energy for diffusion QD, and the pre-exponential factor D0, from the 
apparent tracer diffusion coefficients above, can be determined from the Arrhenius type 
relationship: 
𝐷!∗ = 𝐷!exp  (−𝑄!𝑅𝑇) (4.3) 
where R and T have their normal meanings. Figure 4-11 shows Equation 4.2 plotted as a log-
log plot along with the linear fits of the data with the corresponding activation energies and 
the pre-exponential factors.  
 
Figure 4-11 Arrhenius plot of the determined tracer diffusion coefficients in the shot-peened and polished 
alloys.  
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4.3.3 Oxidation Kinetics 
4.3.3.1 TGA measurements  
Figure 4-12 shows the isothermal growth kinetics for the shot-peened alloy in air at 700, 750 
and 800°C based on parabolic kinetics:  
∆𝑚𝐴 ! = 𝑘!𝑡 (4.4) 
where, ∆m is the mass gain, A is the surface area of the specimen, kP  is the parabolic rate 
constant and t is the time. The gradient of the curves gives the parabolic rate constant kP, 
(mg2 cm-4 s-1). In reality, sub-parabolic kinetics can control the oxide growth; however, as 
shown in Chapter 2, most of the available literature quotes parabolic rate constants for TGA 
measurements.   
 
Figure 4-12 Mass change plotted against exposure time for shot-peened FG RR1000 assuming parabolic 
kinetics. 
Computation of the mass gain per unit area (Δm/A) in Figure 4-12 used the sample 
dimensions measured before exposure. However, the surface area determination should really 
account for the increase in surface area due to shot-peening. Figure 4-13 provides a segment 
of the surface profile taken from the reconstructed surface using white-light interferometery.  
0 0.5 1.0 1.5 2.0 2.5 3.0 3.5 4.0
0
0.02
0.04
0.06
0.08
0.10
0.12
0.14
Exposure Time, t (x105 s)
 
 
700˚C
750˚C
800˚C
M
as
s c
ha
ng
e/
 a
re
a2
, (
Δm
/A
)2 
(m
g2
cm
-4
)
 105 
 
Figure 4-13 Surface reconstruction of the as-peened alloy: (a) 3D-reconstruction and (b) example surface 
profile. 
Assuming the surface has a sinusoidal form (Figure 4-13b), a wavelength w = 110 µm and an 
amplitude P = 3.74 µm were determined from the white-light interferometry. Application of 
the integral description of an arc length yields the effective line-increase due to shot-peening 
as:  
𝑙 = 1+ 7.46𝜋110 cos   2𝜋𝑥110 ! !! 𝑑𝑥!!"!  (4.5) 
Solving this integral numerically in Matlab and expressing the surface area increase as α = 
(l/w)2, implies that shot-peening increases the overall surface area by 4.3%. Additionally, the 
shot-peening only impinged on the main faces and not the edge of the disc specimens so that 
the kinetics at the edges and at the surface are different. The values determined from the 
kinetic curves in Figure 4-12 are deemed apparent rate constants (i.e.  𝑘!!""). Equation 4.5 
resolves this issue by taking into account the difference between the kinetics at the surface 
and the edges to yield the true parabolic rate constant for the shot-peened alloy 𝑘!!": 
𝑘!!" = 𝑘!!"" − 𝑘!! 2𝑡𝑟𝛼 + 2𝑡 𝑟𝛼 + 2𝑡𝑟𝛼 (4.6) 
where t and r are the sample thickness and radius, respectively. Derivation of Equation 4.6 
used a law of mixtures approach, i.e. the contributions of 𝑘!! and 𝑘!!" were proportional to the 
ratio of the polished and shot-peened areas, respectively, to total specimen surface area. The 
parameter 𝑘!!  is the parabolic rate constant for the polished derivative of this alloy, as alloy as 
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determined in the previous analysis by Encinas-Oropesa et al [59]. Table 4-8 gives the 
adjusted parabolic rate constant for the shot-peened alloy 𝑘!!" along with the apparent 𝑘!!""  
and polished 𝑘!!  rate constants.  
Temperature, T (°C) 𝒌𝑷𝑺𝑷 𝒌𝑷𝑨𝑷𝑷 𝒌𝑷𝑷[59] 
700 2.67 x 10-14 1.93 x 10-14 3.89 x 10-15 
750 1.13 x 10-13 8.88 x 10-14 3.79 x 10-14 
800 3.29 x 10-13 2.98 x 10-13 2.33 x 10-13 
Table 4-8 Parabolic rate constants (in mg2cm-4s-1) for FG RR1000 with shot-peening, the apparent constant for 
the samples used and without shot-peening.  
The results firmly indicate that shot-peening has no beneficial effect on the oxidation 
performance of FG RR1000 at any of the temperatures investigated. However, at the highest 
temperature of 800°C, the difference is less than that observed at the lower temperatures. 
Since the oxidation is a thermally activated process, the kinetics are described by the 
Arrhenius type relationship given below:  
𝑘! = 𝑘!exp  (−𝑄!"#𝑅𝑇 ) (4.7) 
Where k0 is an arbitrary constant, QTGA is the activation energy for oxidation based on TGA, 
R is the molar gas constant and T is the temperature. Using Equation 4.7 and the kinetic 
parameters shown in Table 4-8, the activation energy for oxidation is 219 kJ mol-1. This is 
approximately 50 kJ mol-1 less than the activation energy previously determined for the un-
peened alloy and coincides with observation of the increased oxidation kinetics. 
4.3.3.2 External and internal oxidation and γ’-dissolution/ recrystallisation kinetics  
Figure 4-14 compares the isothermal oxidation kinetics for the external oxide, grain boundary 
internal oxidation and γ’-dissolution/ recrystallisation for both the polished and shot-peened 
alloys following oxidation in air. These are based on the average measured depths for the 
exposure times given in Table 4-1. The error bars given represent one standard deviation of 
the measured values. It was not possible to accurately quantify the γ’-dissolution/ 
recrystallisation kinetics and hence, these are absent from Figure 4-14c. This stems from the 
discontinuous nature of the γ’-dissolution/ recrystallisation and the preferential depletion 
along the grain boundaries deeper into the alloy. In general, shot-peening increases the 
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reaction kinetics of all the features measured; however, exposures at 700°C exhibit only very 
small differences. The data sets were subsequently fitted using a power-law relationship x = 
(kt)n, where x is the average depth, k is the specific rate constant, t is the exposure time and n 
is the temporal exponent. Table 4-9 provides values for k and n determined from the power-
law fit, showing that nearly all the oxidation features measured essentially adhere to 
parabolic kinetics. This differs from the findings of Sudbrack et al [5] for the alloy ME3, who 
demonstrated sub-parabolic kinetics for the external oxidation and γ’-dissolution. 	  
     
Figure 4-14 Average depth of external oxide, grain boundary internal oxides and γ’-dissolution/recrystallisation 
between 700-800°C: (a) Polished EO, (b) Polished IO, (c) Polished GPD/RX, (d) Shot-peened EO, (e) Shot-
peened IO and (f) Shot-peened RX. 
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P(700°C) n k (µmn s-1 ) SP(700°C) n k (µmn s-1 ) 
EO 0.48 1.6 x 10-7 EO 0.51 3.0 x 10-7 
IO GB 0.44 1.3 x 10-7 IO GB 0.58 1.9 x 10-6 
GPD/RX N/A N/A GPD/RX 0.54 3.6 x 10-6 
P(750°C) n k (µmn s-1 ) SP(750°C) n k (µmn s-1 ) 
EO 0.44 8.7 x 10-7 EO 0.55 2.5 x 10-6 
IO GB 0.49 8.3 x 10-6 IO GB 0.57 2.4 x 10-5 
GPD/RX N/A N/A GPD/RX 0.47 4.8 x 10-5 
P(800°C) n k (µmn s-1) SP(800°C) n k (µmn s-1) 
EO 0.55 3.7 x 10-6 EO 0.51 6.0 x 10-6 
IO GB 0.50 2.2 x 10-5 IO GB 0.53 3.7 x 10-5 
GPD/RX 0.41 5.3 x 10-5 GPD/RX 0.54 5.6 x 10-5 
Table 4-9 Kinetic constants for external oxidation, grain boundary internal oxidation and γ’-
dissolution/recrystallisation determined from isothermal exposure at 700-800°C in polished and shot-peened 
alloys. 
4.3.4 Analysis of Recrystallised Region 
4.3.4.1 TEM analysis  
Sections were prepared from the shot-peened alloy only as these experienced the most 
significant recrystallisation. It is assumed that shot-peening only influences the 
recrystallisation kinetics and not the phase equilibria.   
Figure 4-15 shows a region of the recrystallised material obtained from the specimen exposed 
at 800°C and the subsequent selected area diffraction (SAD) and EDS analysis. The bright-
field micrograph (Figure 4-15a) identifies a number of recrystallised grains with regions of 
internal oxide at the grain boundaries, which exhibit regions of porosity. The porosity stems 
from the foil lift-out and thinning, which led to the oxides “falling out”. Figure 4-15b 
provides SAD pattern obtained from the region denoted “A” in Figure 4-15a. The SAD 
reveals no super-lattice reflections attributable to γ’-phase. The absence of such diffraction 
spots therefore confirms the lack of the γ’-phase. In support of this, Figure 4-15c gives the 
average composition (in at.%) obtained through TEM-EDS of the central grain and other 
surrounding grains (five grains in total, with three spectra from each). The error bars 
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represent one standard deviation of the average value. The bar chart reveals how the grains 
comprise mostly of Ni and Co with smaller amounts of Cr and Mo present. More importantly, 
the composition contains none of the main γ’-stabilising elements (i.e. Al, Ti, Ta or Hf). 
Whilst Co partitions in both the γ and γ’-phases, without these elements present, it is unlikely 
that the γ’-precipitates will be stable. The combination of the SAD and the TEM-EDS 
analysis here, therefore, confirms that the recrystallised grains consist of the γ-phase only. 
Given the levels of retained Cr, this analysis supports the previous SEM-EDS analysis 
(Figure 4-3 and Figure 4-5), which suggested complete depletion of Al and Ti, but not Cr, 
during oxidation.  
 
Figure 4-15 TEM analysis of recrystallisation in the shot-peened FG RR1000: (a) Bright-field TEM image, (b) 
Selected area diffraction pattern in region marked A, (c) average bulk grain composition and (d) internal oxide 
composition. The blue spots indicate the regions used in the TEM-EDS analysis of the internal oxides.   
Similar analysis of the recrystallised grains was completed using the thin sections prepared 
from the 700°C and 750°C specimens. Table 4-10 compares the average compositions of the 
recrystallised grains, indicating a lack of temperature dependency. At 700°C, slightly higher 
concentrations of Ni and Mo do exist at the expense of the Co; however, the values also 
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portray higher standard deviations relative to those of the same elements at 750°C and 800°C. 
Input of the compositions given by Table 4-10 into the JMatPro software confirmed that the 
γ’-phase is, in fact, unstable.  
Temperature, T (°C) Cr Co Ni Mo 
700 11.3±0.9 22.0±2.7 56.8±1.7 9.9±3.4 
750 12.8±0.1 26.1±0.5 53.4±0.6 7.5±0.3 
800 11.1±0.3 26±0.4 54.7±0.6 7.2±0.5 
Table 4-10 Average compositions (at.%) of the recrystallised grains, as determined by TEM-EDS, between 700-
800°C.  
The bar chart in Figure 4-15d provides the average composition of the internal oxide particles 
situated at the grain boundaries of the recrystallised grains (Figure 4-15a) after TEM-EDS 
point-analysis. Note that the blue spots in Figure 4-15a represent the regions investigated in 
the point-analysis. These particles exhibit Al and O enrichment, as expected from the 
previous SEM-EDS line-scan analysis in sections 4.3.1.2 and 4.3.1.4. The chart also 
illustrates smaller traces of other elements, which most likely arise from beam overlap into 
the adjacent recrystallised grains. Table 4-11 compares the average compositions obtained 
from similar regions for the other temperatures investigated. As with Figure 4-15d, all 
compositions portray enrichment of Al and O along with trace amounts of other elements. 
Table 4-11 also gives the Al/(Al+O) ratios, which lie close to those expected for Al2O3 based 
on its stoichiometry. 
Temperature, T 
(°C) O Al Co Cr Ni Ti 
Al/ 
(Al+O) 
700 61.1±2.7 30.0±4.9 0.41±0.49 4.1±3.1 1.1±1.2 0.98±0.77 0.33 
750 60.8±5.5 35.8±3.2 0.81±1.6 0.66±1.3 1.53±2.6 0.41±0.36 0.38 
800 66.9±5.1 30.1±4.42 0.41±0.9 1.27±1.5 0.81±1.8 0.54±1.2 0.31 
Table 4-11 Average compositions (at.%) of the internal precipitates, as determined by TEM-EDS, between 700-
800°C.  
TEM analysis revealed other interesting features regarding the internal oxidation behaviour. 
The bright-field micrograph in Figure 4-16a identifies regions of both internal oxide 
formation along a recrystallisation twin boundary and intragranular internal oxidation. Figure 
4-16b provides the results from the subsequent TEM-EDS analysis. Comparison of the 
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Al/(Al+O) ratio (~0.4 in both cases) confirms that these are Al2O3. These also display large 
concentrations of Cr, Co and Ni detected from the surrounding grains. The bulk twin itself 
has a composition almost identical to that of the other recrystallised grains (Table 4-10). A 
final observation to note is the low levels of Ti detected in the bulk grain (~2 at.%). This 
suggests that the oxidation does not necessarily deplete all Ti in the recrystallised regions but 
still renders the γ’-phase instability. 
 
Figure 4-16 Recrystallisation twin and internal oxidation: (a) TEM bright-field micrograph and (b) average 
compositions of the bulk twin and the twin boundary and intragranular internal oxides.  
4.3.4.2 JMatPro Thermodynamic Modelling 
The previous experimental observations indicated a strong correlation between the oxidation 
(particularly internal oxidation) and the γ’-dissolution/recrystallisation. Some of the 
micrographs show that oxidation did not necessarily induce this behaviour, particularly in the 
polished alloy. Therefore, some level of elemental depletion prevails before the onset of γ’-
dissolution and recrystallisation. A systematic approach using JMatPro provides some insight 
into the elemental depletion that occurs.  
The first step in this analysis involved modifying the initial composition of the alloy to 
achieve the correct Hf concentration in γ’. The software incorrectly predicts the partitioning 
because it does not account for reactions undergone by Hf during production of the wrought 
alloy. Previous observations [177] state that Hf oxidises to HfO2 by reducing the alumina, 
which coats the sides of the crucibles used during processing. This inevitably removes Hf 
from the alloy and influences the phase partitioning. Overcoming this required modification 
of the composition to achieve the desired fraction of 0.35 for Hf in γ’. This was achieved by 
removing all C from the composition to return a value of 0.34-0.35 between 700-800°C. 
Removing C completely led to another drawback, as the carbide phases were unaccounted for 
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in the phase equilibrium predictions. However, the subsequent analysis ignored this, in view 
of using a more realistic initial Hf content in the γ’-phase. Figure 4-17 provides the predicted 
phase equilibria for RR1000 with no C. Accordingly, the alloy contains 44-46% of the γ’-
phase between 700-800°C. 
  
Figure 4-17 Phase equilibria in RR1000 as a function of temperature for FG1000 using the zero C composition. 
Based on this composition, Table 4-12 reveals the compositions (in at.%) of the γ and γ’ 
phases between 700-800°C. As expected, the phase equilibria consistently demonstrates 
greater partitioning of Al, Hf, Ta and Ti in the γ’-phase.   
Temperature, T (°C) Ni Al Co Cr Hf Mo Ta Ti Zr B 
γ-700 38.2 1.1 26.1 29.38 0.00 5.09 0.01 0.08 0.00 1.1 x 10-5 
γ-750 39.4 1.5 25.2 28.65 0.00 5.00 0.02 0.17 0.01 3.7 x 10-5 
γ-800 40.2 1.8 24.6 28.08 0.01 4.93 0.03 0.26 0.01 7.5 x 10-5 
γ’-700 66.0 12.4 8.6 1.6 0.34 0.33 1.36 9.20 0.08 0 
γ’-750 65.3 12.2 9.3 1.8 0.35 0.31 1.38 9.33 0.07 0 
γ’-800 64.8 12.1 9.7 1.9 0.35 0.31 1.40 9.42 0.07 0 
Table 4-12 Partitioning of elements in the γ and γ’ phases for FG RR1000 with no C. 
The next step evaluated the γ’ content due to Al and Ti depletion in the alloy. As stated, this 
was completed using a systematic approach, in which Al and Ti were removed gradually 
from the composition. The contour maps in Figure 4-18 describe the γ’ content as a result of 
removing Al and Ti between 700-800°C and reveal the compositional and temperature 
dependency. As expected, the γ’ portrays greatest stability at lower temperatures. This allows 
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the alloy to form higher fractions of γ’ at high Al and Ti contents, whilst having the ability to 
stabilise γ’ at lower concentrations of these elements. Nevertheless, all temperatures require 
significant Al and Ti depletion prior to the onset of γ’-dissolution. 
Figure 4-18b and Figure 4-18c indicate the regions where γ’ is no longer stable. The area of 
this region decreases from 800°C to 750°C; an indication of the γ’ stability requiring greater 
quantities of Al and Ti at elevated temperatures. No such region is observed at 700°C 
because the γ’ remains stable past 0.5 wt.% Al (i.e. the final compositional increment) as long 
as the Ti content exceeds 1.5-2 wt.% Ti (1.85-2.49 at.%). Therefore, the region of instability 
can be thought of as a vertical line, which runs from 0-2 wt.% Ti at 0 wt.% Al. Note that a 
range is given as the exact value lies between the concentrations given. At 750°C and 800° C 
the γ’-phase may still show instability even when the alloy contains 0.5 wt.% (1.1 at.%) Al; 
however, the Ti content required decreases significantly. For this Al content, γ’-phase 
stability requires 0-0.5 wt.% (0-0.62 at.%) Ti and 0.5-1.0 wt.% (0.62-1.24 at.%) Ti, at 750°C 
and 800°C, respectively. 
Equally, the alloy will require a minimum Al content to maintain γ’-stability in light of the 
total Ti depletion. At 700°C this stands between 0-0.5 wt.% (0-1.09 at%) Al, whereas the Al 
content should be at least 0.5-1.0 wt% (1.09-2.21 at.%), at 750-800°C. These findings 
indicate that the γ’-phase stabilises at a lower Al content when the Ti is completely depleted, 
in comparison to the Ti concentrations required to form γ’ when the Al is entirely depleted.  
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Figure 4-18 Contour maps showing the γ’ content as a function of both the Al and Ti content: (a) 700°C, (b) 
750°C and (c) 800°C. 
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4.4 Discussion  
4.4.1 External Oxidation 
The external oxide growth observed in both the polished and shot-peened alloys follows that 
observed for other superalloys of similar compositions tested at equivalent temperatures 
[5,56,57,59,60]. The overall oxide sequence (i.e. EO and IO) of Cr2O3 → TiO2 → Al2O3 
agrees with the expected thermodynamic behaviour. However, and inconsistent with 
thermodynamic predictions, the alloy formed an outer layer of TiO2, believed to be at the 
expense of the oxidation performance [56]. This requires Ti diffusion through the chromia 
and an adequate solubility on the Cr sub-lattice. In fact, Naoumidis et al [178] previously 
reported a solubility of 18% on the Cr sub-lattice at 1000°C. Although the temperatures are 
considerably higher than those examined here, Ti is still expected to have a large enough 
solubility to facilitate Ti diffusion to the surface. Using the dissolution of TiO2 to incorporate 
Ti into the Cr2O3, then the two following defect equilibria apply [169]:  
𝑇𝑖𝑂! !"!!! 𝑇𝑖!"∙ + 32𝑂!! + 14𝑂!  (!) + 𝑒! (4.8) 
or, 
2𝑒! + 12𝑂!   + 𝑇𝑖𝑂! !"!!! 𝑇𝑖!"∙ + 3𝑂!! + 𝑉!"!!! (4.9) 
where 𝑇𝑖!"∙  and 𝑉!"!!!  represent a Ti on a Cr site and Cr vacancy, respectively. Furthermore, 
both equations assume that Ti substitutes as a Ti4+ ion. Atkinson et al [179] (theoretical 
density calculations) and Blacklock et al [180] (XAS studies) both concluded that Equation 
4.9 correctly describes the defect equilibria. This dissolution results in the evolution of a Cr-
vacancies 𝑉!"!!!; however, some of these may be compensated for through neutral defect 
cluster formation (i.e. {3𝑇𝑖!"∙ + 𝑉!"!!!}!). Nevertheless, the concentration of 𝑉!"!!! is still 
expected to be higher than the number that arise through intrinsic defect formation (chromia 
generally exhibits p-type behaviour i.e. Cr2-δO3). The additional 𝑉!"!!! will have the effect of 
increasing the overall oxidation rates because of the Cr diffusivity in the scale increases.   
The former describes the possibility of Ti-doping in Cr2O3; however, as the TiO2 forms on 
the surface of the Cr2O3, it may undergo doping by Cr3+. The current understanding of Cr-
doped TiO2 suggests that Cr3+ ions can occupy the Ti lattice sites for up to 16 at.% Cr without 
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segregation or formation of any additional phases [181]. Note that, the XPS studies 
conducted by Osterwalder et al [181] suggest that the majority of the Cr exists as triply 
charged ions. Like the Ti4+ doping on Cr-sublattice, Cr3+ also requires a charge balance 
through some other defect. Although not proven, it is speculated [181] that, charge 
compensation exists through oxygen vacancies, according to the following defect equilibria: 
𝐶𝑟!𝑂! !"!! 2𝐶𝑟!"! + 3𝑂!! + 𝑉!∙∙ (4.10) 
where 𝐶𝑟!"!  represents Cr on a Ti site, so that one oxygen vacancy is created for every two 
Cr3+. Equation 4.10 shows that Cr3+ doping on the Ti sub-lattice increases the number of 
oxygen defects, which will facilitate inward oxygen diffusion. Rutile exhibits n-type 
behaviour [182], with oxygen vacancies as the dominant defect, such that the scale itself 
grows by inward anion diffusion. Therefore, the generation of oxygen vacancies through Cr-
doping should increase the external TiO2 growth rate.  
FIBS-SIMS mapping showed that anionic diffusion took place concurrently during the 
external oxide growth for both surface conditions. Diffusion analysis of the IF profiles 
determined the apparent oxygen tracer coefficients. Previous diffusion analysis of oxygen 
diffusion in Cr2O3 by Tsai et al [20] separated the apparent diffusion coefficient DAPP into its 
lattice DL and grain boundary DGB components based on the relationship given by Hart [183] 
i.e. DAPP = (1-f)DL + fDGB, where f is the fraction of grain boundaries. As a prerequisite, the 
diffusion profiles should exhibit the grain boundary diffusion tails in order to carry out such 
an analysis. None of the diffusion profiles in this work exhibited the characteristic tailing, 
which prohibited separation of the apparent diffusivity into its bulk and grain boundary 
components. Figure 4-19 compares the oxygen diffusion data for data offered by references 
[20] for Ni-30Cr alloys at 800-900°C, which were extrapolated to include values for 700°C 
and 750°C, to the diffusion coefficients determined here. The tracer diffusion coefficients 
from this work demonstrate reasonable agreement with the apparent values from literature. 
From this, it is reasonable to assume that the bulk and grain boundary contributions to the 
overall diffusion will be of similar magnitude to those in references [20] based-on on the 
similarity of the apparent diffusion coefficients. The influence of the grain boundary 
diffusion depends on the oxide grain size and exposure temperature. Lower temperatures and 
smaller grains will lead to an overall greater contribution from grain boundary diffusion. 
Although oxygen diffusion will contribute to the Cr2O3 growth, the Cr diffusion in the scale is 
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believed to be more important in terms of the overall kinetics [20]. The increased diffusivity 
in the oxide belonging to the shot-peened alloy presumably relates to a higher fraction of 
short circuit transport paths; however, the origin of these is unclear. It is possible that 
nucleation events occur more frequently [184] on the surface of the shot-peened alloy so that 
an oxide possessing a comparatively smaller grain size and, therefore, more grain boundaries 
for fast diffusion. Hence, the greater contribution from grain boundary diffusion would 
increase the overall diffusivity.  
 
Figure 4-19 Comparison of apparent diffusion coeffients determined in this work to those of Tsai [20] for Ni-
30Cr alloys.  
4.4.2 Internal Oxidation  
FIB microscopy and FIB-SIMS indicated that inward oxygen diffusion occurred through the 
semi-protective external oxide into the base alloy, after which Al2O3 internal oxidation took 
place preferentially along the grain boundaries regardless of the surface condition. Grain 
boundary internal oxidation precipitation is commonly observed in polycrystalline Ni-based 
superalloys [3,5,30,56,57,60]. It is well acknowledged that internal oxides preferentially form 
at grain boundaries because of the lower degree of supersaturation required for oxide 
nucleation. Indeed, much faster oxygen diffusion in the grain boundaries facilitates the 
supersaturation [35,36]. The depleted grain boundaries ahead of the internal oxide 
precipitates, which themselves extend to primary-γ’ particles, indicate that a grain boundary 
“reservoir” effect [13] could assist grain boundary oxide growth even further. In other words, 
the primary-γ’ particles provide an extensive supply of Al to the growing oxides. A semi-
continuous rutile layer also wetted the chromia at the alloy/external oxide interface. Oxygen 
diffusivity is presumably quite low through the semi-continuous TiO2 so that a steep oxygen 
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activity profile into the alloy manifests itself preventing excessive TiO2 precipitation deeper 
into the alloy. Furthermore, a significant amount of the available Ti will dissolve into the 
chromia external oxide, which will inhibit internal rutile precipitation. Some intragranular 
oxidation took place close to the surface in the polished alloys but was rarely observed in the 
shot-peened specimens due to a plethora of preferential oxide nucleation sites. Internal 
oxidation was also observed along twin boundaries. These special boundaries have been 
observed to provide resistance to embrittlement by oxygen [104,148,150]. This might not be 
the case in this alloy, as internal oxides were seen to decorate the boundaries of the 
recrystallisation twins.  
The ability of the FIB-SIMS mapping to identify evidence of oxygen transport along the 
alloy/internal oxide interface act as one of the most significant results to arise from this work. 
This supports claims made by various authors for grain boundary internal oxidation of Ni-Al 
[35,36] and austenitic [29,185] alloys to account for extremely fast rates of internal oxide 
growth. Analogous behaviour was reported for bulk internal oxidation of Ni-Al [33,34,186] 
alloys, where the internal precipitates grew as rods or plates perpendicular to the surface. 
Until now, previous studies have only inferred this mechanism from kinetic data, whereas 
these findings offer illustrative evidence of this type of oxygen transport. Based-on 
geometrical relationships, Stott et al [34] estimate that these interfaces have oxygen 
diffusivity some 3-4 orders of magnitude higher than in the bulk alloy. Although this work 
presents no geometrical analysis, a similar enhancement of the oxygen diffusivity along the 
alloy/internal oxide interface could well exist.  
These interfaces provide a fast transport path for oxygen to the reaction front, which then 
becomes saturated. The enhanced 18O- signal observed at the reaction front in nearly all of the 
specimens examined supports this theory. However, the equivalent regions in the 16O- maps 
exhibited a weaker signal. This indicates that the internal oxides in these regions are not 
exclusively 18O-rich and instead contain a mixture of 16O and 18O-rich oxides. The 
development of mixed-isotope oxides suggests that Al diffusion from the bulk to the internal 
oxidation front is the rate controlling process. Thermodynamically, Al2O3 requires only very 
small concentrations of Al (~10-15) [187]. However, from a kinetic perspective, the Al flux 
arriving from the bulk must continually satisfy the quantities needed for continued oxide 
growth. Therefore, if the distance between the internal oxidation and γ’-depletion/ 
recrystallisation fronts gradually increases and lead to build up of oxygen at the internal 
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oxidation front, then the supply of oxygen to the reaction front significantly outweighs that of 
Al.  
4.4.3 Oxygen Induced Recrystallisation  
Both polished and shot-peened RR1000 underwent recrystallisation during oxidation 
exposures; however, the process was more extensive in the SP alloy. Although 
recrystallisation occurred for both surface treatments, it is still necessary to eliminate the 
possibility that the cold-work alone induces this process, which has been observed in various 
other superalloys [64,67]. Vacuum exposures of the shot-peening alloys were conducted at 
each temperature according to the exposure times in Table 4-2. Figure 4-20 shows an 
example of a cross-section following vacuum exposure at 800°C, which reveals no signs of 
recrystallisation or γ’-dissolution. Conclusively, recrystallisation did not occur under vacuum 
for the lower temperatures. Neither of the lower temperature exposures exhibited 
recrystallisation under vacuum, leading to the conclusion that annihilation of the SP induced 
dislocations to reduce the overall free energy does not act as an outright driving force. A 
driving force must instead arise from the oxidation itself to facilitate the recrystallisation 
process. For this reason, this work describes the recrystallisation as Oxygen Induced 
Recrystallisation (OIR), a term originally coined by Liu et al [65]. OIR mostly relates to the 
Al and Ti depletion associated with Al2O3 and TiO2 oxide precipitation.  
Thermodynamic predictions confirmed that substantial depletion of these elements is 
responsible for the observed γ’-dissolution. However, as these elements experience depletion 
in the oxidised regions, a chemical discontinuity establishes between the parent alloy grains 
and those that have undergone γ’-dissolution. The compositional discontinuity generated 
provides a chemical driving force ∆Gch for the recrystallisation process. 
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Figure 4-20 Cross-sections of shot-peened FG RR1000 following vacuum exposure at 800°C for 120 hours: (a) 
IISEI and (b) TPII.  
The diffusive nature of the OIR likens it to Diffusion Induced Recrystallisation (DIR) [188-
190]. By definition, DIR is the phenomenon whereby recrystallised grains of different 
composition form behind migrating grain boundaries along which diffusion of the solute 
atoms occurs. Figure 4-21 compares DIR and OIR schematically, where a α/β diffusion 
couple for a binary A-B system has been used to illustrate the DIR mechanism. In Figure 
4-21a diffusion of the solute atom from the β phase into the α phase at the interface to form a 
DIR recrystallisation. Growth of the DIR into α continues by solute diffusion along the 
moving boundaries [190]. Evidently, the main difference between the OIR observed here and 
the DIR mechanism (other than the oxide formation) is the direction of the solute diffusion. 
In Figure 4-21a the solute diffusion occurs in the same direction as the DIR growth, whereas 
Figure 4-21b illustrates the counter-transport of the solute and the OIR front. Like OIR, 
chemical discontinuity between the untransformed α and the DIR region provides the 
chemical driving force for boundary migration and therefore, the DIR growth.  
Several other proposed theories on the driving force for DIR include: stress generation to 
lattice Kirkendall effects [65], generation of misfit dislocations [191] and coherency strains at 
the moving interface [192]. In the present study, it is believed that other processes that are a 
consequence of oxidation can act as a driving force for the OIR process: (1) volume increase 
strains due to internal oxide formation and (2) the γ/γ’ misfit generation due to solute 
depletion. Of course, the free energy reduction due to dislocation annihilation will facilitate 
the recrystallisation in the shot-peened alloys but not without those associated with the 
oxidation itself. 
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Figure 4-21 Schematic comparisons of (a) DIR and (b) OIR illustrating the notable differences in the two 
mechanisms. The large cursors represent the direction of the solute diffusion Note that (a) is adapted from 
reference[190].  
Concerning the first proposition, the volume expansion associated with IO formation 
produces large compressive stresses, which the alloy will want to relieve. Previous 
works[35,36] considered that stress relief could be achieved through grain boundary sliding 
or vacancy injection from the external oxide. This work accounts for stress relief through 
recrystallization which acts as an additional driving force for OIR. The difference in the 
molar volumes of the alloy and the Al2O3 causes the overall molar volume of the internally 
oxidised region to increase by: 
𝑉!,!" = 1− 𝑁!" 𝑉!!!""" + 𝑁!"𝑉!"!!.! (4.11) 
 𝑉!!!""" and 𝑉!"!!.! (12.8 cm3) are the molar volumes of RR1000 and Al2O3, respectively and 𝑁!" is the mole fraction of Al in the alloy (0.635). Note that this calculation is based on one 
mole of alloy being internally oxidised, hence the molar volume assumed is that of AlO1.5 = 
0.5Al2O3. This yields a volume difference ratio of: ∆𝑉!"𝑉!!!""" = 𝑉!,!" − 𝑉!!!"""𝑉!!!"""    (4.12) 
The different compositions of the parent alloy and the recrystallised grains results in a second 
volume difference ratio: 
∆𝑉!"𝑉!!!""" = 𝑉!" − 𝑉!!!!!!𝑉!!!"""    (4.13) 
where VRX is molar volume of the recrystallised material. Thus, the following expresses the 
overall volume difference ratio: 
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∆𝑉!"##𝑉!!!""" = ∆𝑉!" + ∆𝑉!"𝑉!!!"""  (4.14) 
Calculation of the volume differences utilised the JMatPro software to estimate 𝑉!!!""" and 𝑉!" at 700-800°C based on the compositions of RR1000 and the recrystallised grains (Table 
4-10). Figure 4-22 plots the volume ratios given in Equations 4.12-4.14 as a function of 
exposure temperature to illustrate the effects of the recrystallisation and internal oxidation on 
the molar volume. Alumina precipitation produces a volume ratio ~0.05 at all temperatures; 
however, recrystallisation produces a negative volume ratio of between -0.01 and -0.02. The 
total is simply the sum of these values and is important because it reduces the compressive 
stress on the lattice at 700, 750 and 800°C by ~21%, ~33% and ~44%, respectively. Hence, 
this high stress relief mechanism is considered a driving force for recrystallisation. 
 
Figure 4-22 Internal precipitation, recrystallisation and overall volume increase ratios.  
The second proposed driving force for OIR regards the γ/γ’-misfit (δ) generation during 
solute depletion. As the misfit develops, the alloy will accommodate it through a misfit strain, 
which in turn increases the internal energy. It is thought that recrystallisation may be a 
mechanism to counteract the increase in internal energy. Furthermore, a set of misfit 
dislocations can accommodate the misfit and act as preferential nucleation sites [191]. To 
investigate this theory, Al, Cr and Ti were removed independently from the parent 
composition and the misfit estimated in JMatPro. Figure 4-23 shows the misfit variation for 
each of the elements investigated. For both Al and T the magnitude of the misfit increases 
significantly upon complete depletion, whereas Cr depletion renders a negligible change of 
the misfit. The misfit does not vary linearly with the Ti concentration but instead exhibits an 
unknown relationship. Nevertheless, this simple set of calculations suggests that a desire to 
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reduce the additional stored, due to the misfit evolution during solute depletion, acts an 
additional driving force for the OIR.  
 
Figure 4-23 Variation in the γ/γ’-misfit due to elemental depletion: (a) Al, (b) Cr and (c) Ti. 
Various sinks for the ∆Gch may exist: (1) volume diffusion of the solute ahead of the DIR 
region into the untransformed matrix; (2) intrinsic and solute drag and; (3) grain boundary 
curvature [189,190,193]. Consumption of ∆Gch depends on the penetration distance of the 
solute, approximated by the ratio of the migration rate v and the diffusion coefficient of the 
solute in the alloy D. If v is high enough then the penetration is small and loss of ∆Gch will 
not manifest. An additional source of ∆Gch consumption arises from Zener drag by primary-γ’ 
precipitates during the OIR here. The dissolution resistance of the primary-γ’ coupled with 
recrystallised grain growth relying on γ’-dissolution[64,67,194], makes this mode of ∆Gch 
consumption. Hillert [193] suggests that coherency stresses due to the compositional 
differences at the boundary can reduce the loss of ∆Gch to drive the grain boundary 
movement. The same argument is then applicable to any of the other driving forces. 
However, if a negligible loss occurs then ∆Gch alone should drive the OIR.  
4.4.4 Kinetics  
Measurements of the external oxidation, internal oxidation and γ’-depletion taken from 
isothermal exposure sample between 700-800°C revealed that each of these formed according 
to parabolic kinetics. As stated, this contradicts the findings for ME3, where the external 
oxide and γ’-depletion followed sub-parabolic kinetics (i.e. n ≈ 0.33). However, the kinetics 
were determined based on much longer exposure times (~2000 hours) and the kinetics here 
may also become sub-parabolic over longer exposure periods. Figure 4-24 then compares 
both surface conditions to ME3 for the three parameters examined at 800°C. Note that the 
data for ME3 are extrapolated values following Arrhenius type fitting of the constants at 
704°C, 760°C and 815°C in reference [5]. Evidently, the resistance to oxidation of the ME3 
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is superior of FGRR100 in both the polished and the shot-peened forms. The γ’-depletion/ 
recrystallisation reaction kinetics of the polished alloy are broadly similar even in light of the 
increased external/internal oxide growth. It should be reiterated that the γ’-depletion did take 
place along grain boundaries further into the alloy, which was not quantified. Whilst the shot-
peening clearly influences the reaction kinetics, the exacerbated external/internal oxidation of 
polished FGRR1000 compared to ME3 is not so clear, as both alloys contain similar amounts 
of Cr, Ti and Al. However, ME3 possesses an average grain size around a factor of six larger 
than that of FGRR1000, which may well explain this disparity. In support of this, TGA 
measurements made on CGRR1000 also revealed improved oxidation kinetics for both 
polished [57] and shot-peened derivatives [30]. The refined grain size can influence the 
oxidation by providing an increased number of preferential nucleation sites at the surface and 
fast-transport paths for the solute and oxidising elements [40]. The latter is particularly 
important, as this would facilitate grain boundary internal oxidation and Ti-enrichment in the 
external scale.  
 
Figure 4-24 Comparison of the growth kinetics in polished and shot-peened RR1000 to those of alloy ME3 up 
to 200 hours: (a) External oxidation, (b) Internal oxidation and (c) γ’-depletion/ recrystallisation.  
4.4.5 Influence of Shot-Peening on the Oxidation and Oxidation induced damage 
The results here comprehensively showed that shot-peening exacerbates the reaction kinetics 
in terms of mass gains and the various oxidation damage parameters investigated. Previous 
investigations [41,51], however, reported beneficial effects from shot-peening in chromia 
forming alloys. These author’s attributed the enhanced oxidation resistance to an increased 
number of short-circuit diffusion paths for Cr, allowing the alloy to establish a protective 
chromia layer. This is synonymous with decreasing the critical solute concentration for 
continuous scale formation [44]. Shot-peening will undoubtedly increase the number of 
short-circuit diffusion paths but only to the alloys detriment. This stems from the diffusivities 
of the other alloy constituents, which undergo oxidation (i.e. Al and Ti), also increasing in the 
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alloy[30]. Therefore, the oxidation rates of the other components should increase and would 
account for the higher mass gains observed. Additionally, an elevated Ti flux towards the 
surface will facilitate external oxidation should Ti-enrichment in the Cr2O3 increase the 
external oxidations, as previously described.   
Cross-sectional observations revealed that the most significant changes to the SP alloy took 
place sub-surface. The region forms a substantially refined microstructure compared to the 
polished alloy because of extensive recrystallisation. The modified sub-surface subsequently 
facilitates the internal oxidation by increasing the number of grain boundary sites for 
preferential internal oxide nucleation and results in the characteristic necklace microstructure 
in the shot-peened alloys. Such internal oxidation does not occur in the polished alloy 
because the internal oxides are mostly limited to the grain boundaries of the parent alloy. As 
these oxides precipitate on the grain boundaries, in doing so, they provide an increased 
number of the faster interfacial transport paths previously identified by FIB-SIMS. This 
results in a greater oxygen flux towards the internal oxidation front, so supersaturation occurs 
faster, allowing the internal oxides to grow more rapidly in the shot-peened alloy. Since 
cationic diffusion is also essential to the internal oxidation front’s progression, the region of 
recrystallised grains, which extends well past the internal oxidation front, expedites the 
oxidation further. Although the recrystallisation reduces the number of fast diffusion paths 
provided by the initially defective microstructure, the refined recrystallised grains still 
increase the number of grain boundaries compared to the polished alloy, which then allow 
fast Al diffusion to the internal oxidation front. This increases the enrichment of the Al in the 
internal oxide region and, therefore, the growth rate. Note that, these will also enhance the Cr 
and Ti diffusion towards the surface to facilitate external oxide growth following annihilation 
of the shot-peening induced defects by recrystallisation.  
A continuous recrystallised layer to facilitate internal oxide growth only forms ahead of the 
reaction front in the polished alloy at 800°C. Below this temperature, only the grain 
boundaries of the original alloy facilitated solute diffusion as shown in Figure 4-25. 
Likewise, if the flux of solute atoms increases to maintain the faster oxidation rates, so will 
the γ’-dissolution rate itself and, subsequently the migration of the recrystallisation front into 
the alloy. Porter and Ralph[195] reported that γ’-dissolution ahead of the migrating 
recrystallisation boundary is required to prevent precipitate drag effects in superalloys 
containing high γ’ fractions. Therefore, at higher temperatures, where the γ’ destabilise 
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following less Al and Ti depletion and higher diffusion rates manifest, migration of the 
recrystallisation front will become even easier. 
 
Figure 4-25 Comparison of γ’-dissolution/recrystallisation following exposure at 700°C for 230 hours: (a) 
Polished and (b) Shot-Peened.  
4.5 Conclusions  
This chapter investigated the isothermal oxidation behaviour of the FGRR1000 alloy in the 
polished and shot-peened conditions at 700-800°C. These were investigated in terms of the 
oxidation kinetics, the oxidation induced microstructural changes and the thermodynamic 
stability of the base alloy. Additionally, FIB-SIMS isotopic tracing protocols were used to 
determine both the transport mechanisms during scale growth and oxygen diffusivities in the 
external scale. The following conclusions can be drawn from this study:  
As with other Cr and Ti bearing disk superalloys, the alloy formed an external oxide of 
mostly Cr2O3 with an outer layer of TiO2. An inner, semi-continuous, layer of TiO2 wetted 
the external oxide, below which, internal oxides of Al2O3 formed predominantly at the grain 
boundaries. The sub-surface region underwent γ’-dissolution and recrystallisation due to the 
depletion of the γ’-stabilising solute elements during oxidation and extended the furthest into 
the alloy. Shot-peening expedited the formation kinetics of all the oxidation damage 
parameters monitored. The most deleterious change occurred in the sub-surface region, where 
the formation of a continuous layer consisting of smaller recrystallised grains increased the 
number of grain boundaries for preferential internal oxide nucleation and growth. FIB-SIMS 
mapping revealed how the interface between the grain boundary Al2O3 and the γ-grains 
provided a preferential diffusion path for oxygen to the internal oxidation front. The apparent 
oxygen tracer diffusion coefficients in the external oxide were determined from the FIB-
SIMS maps. Diffusion coefficients were higher in the SP alloy but still remained consistent 
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with findings for Ni-30Cr alloys. Thermodynamic modelling in JMatPro was used to 
ascertain an understanding of the depletion of Al and Ti, which would eventually render γ’ 
instability. The predictions conclusively indicated that the onset of the instability occurs at 
higher Al and Ti concentrations with increasing exposure temperature. Oxidation Induced 
Recrystallisation (OIR) subsequently described the recrystallisation behaviour. The 
compositional discontinuity between the parent alloy and the depleted grains provides the 
main driving force for this mechanism.  
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Chapter 5 – Oxidation of FGRR1000 under static bending-loads 
between 700-800°C 
The ability of an alloy to form and maintain a protective oxide scale remains an essential 
factor in the protection of the component against further environmental attack. Scale failure 
becomes problematic as it exposes the parent alloy to further oxidation attack. Stresses in the 
oxide scale due to intrinsic growth stresses, thermal stresses or externally applied stresses, all 
increase the likelihood of scale failure [68,69] 
Despite the extensive research into thermal and intrinsic growth stresses, only a handful of 
investigations regarding mechanical loading effects during oxidation of Ni-based alloys exist. 
These report various and contrasting oxidation behaviours. One reported outcome of stress 
effects is enhanced internal oxidation by stress enhanced oxygen diffusion [72,73]. In other 
examples, mechanical loads only accelerated the external oxide growth [74-76,78]. 
According to Calvarin et al [74,75], this relates to increased numbers of oxygen short-circuit 
diffusion paths, whereas Reuchet and Rémy [76] describe the accelerated growth through 
localised scale cracking events, which expose the parent alloy to further environmental 
attack.  
Others have reported a directional-dependency during external oxidation under stress [196-
198]. Evans et al [196] suggest that the tensile stress accelerates the growth process by 
modifying the diffusion potential of the diffusive species involved. In contrast, compressive 
loads should decrease the oxidation kinetics. In any case, large enhancements generally 
require stresses of the order of GPa.  
The previous chapter investigated the oxidation of polished and shot-peened FGRR1000 
between 700-800°C under classical oxidation conditions. This chapter now builds on these 
findings to include the influence of compressive and tensile loads. The different loads have 
been applied using a single specimen under two-point bending loads. Oxidation times and 
temperatures replicated those of the previous classical oxidation experiments for direct 
comparison of all conditions.  
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5.1 Specific Experimental Details 
5.1.1 Materials  
Individual plate specimens of polished FG with approximate dimensions of 60 mm × 5 mm × 
1.5 mm were prepared by EDM from scrap alloy for use in the bending oxidation 
experiments. Surface preparation used successive grinding steps with 500, 800 and 1200 SiC 
paper. Plate specimens of shot-peened FG RR1000 were prepared by first cutting a larger 
plate of FG RR1000 with dimensions 100 mm × 60 mm × 1.5 mm. The plate was then shot-
peened on both sides, allowing both the effects of compression and tension to be studied 
simultaneously. The plate specimens with the same dimensions as the polished alloy were 
later cut from the larger plate using a Struers Accutom high precision saw. The true thickness 
of each of the specimens was measured prior to loading as polishing and shot-peening 
inevitably led to shrinkage of the material.  
5.1.2 Isotopic Oxidation under Bending-loads 
Bending oxidation under combined isotopic oxidation conditions was effected using the 
bending rig shown in the appendix of this thesis. All specimens were loaded to a nominal 
stress of 850 MPa, which is below the yield stress at all the temperature investigated (see 
Chapter 3, Table 3.2). To achieve the desired stress required application of the following 
relationship [199]: 
𝐻 = 𝑠𝑖𝑛 𝐿𝜎𝑘𝑡𝐸 𝑇 𝐾𝜏𝐸(𝑇)𝜎  (5.1) 
where H is the distance between two ends of the holder needed to achieve the desired stress 
σ, and L and τ are the length and thickness of the specimen, respectively, E(T) is the Young’s 
modulus at temperature T and K is an empirical constant equal to 1.28. This relationship then 
states that achieving the desired load requires measurement of H only. Measurement of H 
used a calibrated digital vernier caliper with an accuracy of ±0.01 mm. The experimental set 
up did not permit specimen loading at the test temperature and was instead carried out at 
room temperature. Table 5-1 provides the sample dimensions and calculated holder 
separation required, based on Equation 5.1. Additionally, Table 5-1 gives the elastic strain as 
calculated for the 850 MPa applied stress and the Young’s modulus at each temperature. 
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T (°C) Surface Finish L (mm) t (mm) H (mm) Strain, ε (%) 
700 P 59.95 1.24 59.69 0.47  
750 P 58.94 1.25 58.62 0.49 
800 P 59.95 1.21 59.58 0.50 
700 SP 59.52 1.10 59.12 0.47  
750 SP 59.75 1.11 59.32 0.49 
800 SP 59.16 1.10 58.73 0.50 
Table 5-1 Material and loading parameters used in bending oxidation tests between 700-800°C. Please refer to 
text for definition of the parameters.  
5.1.3 FIB Milling, FIB Imaging and FIB-SIMS 
Oxide cross-section preparation and imaging utilised the FEI FIB-200 SIMS workstation. 
The cross sectioning was completed using the method previously described in Chapter 3. 
Sectioning applied various milling angles, ranging from 15-30° to the surface, matching those 
of the classical oxidation experiments (Chapter 4, Table 4.3 and Table 4.4). Imaging used a 
50 pA current in both IISEI and TPII modes with at least two cross sections being made at 
each temperature/time. FIB-SIMS mapping matched the conditions set out in Chapter 4, 
Table 4.3 and Table 4.4.  
5.1.4 SEM and SEM-EDS  
SEM in both Secondary Electron (SE) and Backscattered Electron modes utilized a Carl 
Zeiss Auriga CrossBeam. SE imaging used a 5 kV accelerating voltage and a 30 mm 
aperture, whereas BSE image adopted a 10 kV accelerating voltage and a 60 mm aperture. 
SEM-EDS line-scans and point analysis were acquired from the oxide cross-sections 
prepared using FIB milling. This used an accelerating voltage of 20 keV and 120 mm 
aperture. Point analysis used at least seven points to obtain an average value. Note that 
analysis of cross-sections was performed parallel to the surface normal.   
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5.2 Results  
The central regions were sectioned from the bending oxidation test pieces for 
characterization. It should be noted that the high stresses and temperatures resulted in 
permanent specimen deformation, despite the sample being loaded elastically. Given the high 
temperatures and stresses for considerably long exposure times, this permanent deformation 
arises through an accumulation of creep damage.  
5.2.1 Oxide Cross-sectional Morphologies  
FIB cross sectioning and SEM-EDS line-scan analysis revealed many of the same oxidation 
features attributable to the oxidation of this alloy under classical conditions. This includes the 
formation of an external scale consisting of Cr2O3 and TiO2 layers with internal oxides of 
TiO2 (below external oxide) and Al2O3 (as grain boundary precipitates).  
5.2.1.1 Polished FGRR1000 
At 700°C and 750°C, both compressive and tensile loads did not modify the external or 
internally oxide morphologies; however, differences in the morphology resulted under 
compression at 800°C. Tensile loads also had no influence on the oxide morphology. Figure 
5-1 shows the typical oxide cross-sectional morphologies belonging to polished FGRR1000 
following exposure at 800°C for 120 hours under compression (a & b) and tension (c & d). 
The micrographs describe the similarity in the oxide morphologies produced under load 
compared to unloaded specimens. However, the severity of the oxidation damage increases 
most in the subsurface region; an observation previously made by Karabela et al [73]. SEM 
analysis of the alloy surface revealed no changes to oxide morphology or spallation.  
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Figure 5-1 Oxide cross-sections of polished FGRR1000 following 120 hours exposure at 800°C under 850 MPa: 
(a) IISEI compression, (b) TPII compression, (c) IISEI tension and (d) TPII tension. 
The most notable morphological difference observed in the oxidation took place in the sub-
surface of the compressively loaded side of the bending specimen. Figure 5-1(a & b) both 
outline how the external oxides form as sub-surface protrusions. The contrast in the IISEI 
(Figure 5-1a) indicates a protrusion consisting largely of Cr2O3. The same figure highlights a 
region of insulating oxide, typical of Al2O3 formation, within the protrusion; the TPII 
micrograph confirms this where enhanced yields subsist.  
Further assessment of the metallic oxide-forming species present in the protrusion utilized 
SED-EDS in the line-scan mode (Figure 5-2). A broad peak occurs at ~3-4µm and defines the 
protruded region. The peaks that succeed this relate to the grain boundary internal oxides 
deeper in the alloy. The Cr profile reveals a peak centered at ~3.5 µm also relating to the Cr-
rich protrusion. The Ti profile exhibits a less intense peak coincident with the Cr in the 
protrusion. The sharp peak at ~3µm in Al profile indicates the presence of Al-based oxides in 
the protrusion but they are perhaps discrete oxides as opposed Ti, which presumably exists in 
solid solution with Cr. Some solid solution (Cr, Al)2O3 is also possible, particularly at high 
Cr2O3 fractions, but not confirmed [200].  
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Figure 5-2 SEM-EDS line scan analysis obtained from the oxide cross-sections of the compressively loaded 
specimen at 800°C.  
5.2.1.2 Shot-peened FGRR1000  
Again, at 700°C, neither compressive nor tensile loads influenced the oxide external and 
internal oxide morphologies. However, both compressive and tensile loads had an influence 
on the oxide morphologies at 750°C and 800°C. Figure 5-4 shows the typical oxide cross-
sectional morphologies produced following oxidation under compressive and tensile loads at 
800°C for 120 hours. The most detrimental effects, again take place in the sub-surface 
regions; however, there is also evidence of deviations from the normal external oxidation 
behaviour. SEM examination of the oxidised specimen surfaces revealed no significant 
changes to the oxide morphology in all but one specimen. Figure 5-3 compares SEM SE 
images of the oxide scale formed under classical conditions and under compression at 800°C, 
identifying signs of plate-like oxide morphology (inset). At 700°C, the compressively loaded 
specimen showed regions of spalled oxide. 
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Figure 5-3 External scale comparison in shot-peened FGRR1000 following oxidation at 800°C: (a) classical 
oxidation and (b) oxidation under compressive load. 
Concerning the external oxide, Figure 5-4 shows that the alloy undergoes more extensive and 
continuous TiO2 formation under compressive loads. The increased TiO2 coverage explains 
the difference in oxide morphology.  
 
Figure 5-4 Oxide cross-sections of shot-peened FGRR1000 following 120 hours exposure at 800°C under 850 
MPa: (a) IISEI compression, (b) TPII compression, (c) IISEI tension and (d) TPII tension.  
A continuous oxide layer (COL) layer forms beneath the external oxide but is separated by an 
intermediate internal oxidation/recrystallised layer. A COL forms under both loading 
conditions at 800°C but is more extensive under compression. The presence of such a layer 
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does not prevent grain boundary internal oxide precipitation deeper into the alloy. Under 
compressive loads, isolated precipitates connected to the COL by fine ligaments exist. The 
tensile loaded specimen exhibits relatively more extensive internal oxidation below the COL.   
The EDS line-scans in Figure 5-5 provide information regarding the chemical nature of the 
intermediate recrystallised and continuous oxide layers. The intermediate recrystallised layer 
corresponds to the relatively sharp peaks at ~2.5 µm identifiable in the Ni, Co, Hf, Mo and Ta 
profiles. The COL exists over the region 3 ≤ x ≤ 4 µm. Peaks for Al, Cr and Ti coincide with 
a broad oxygen peak in this region. The oxygen peak itself shows two smaller peaks at either 
of the extremes. Annotations made to the Al profile identify two peaks coincident with the 
two oxygen peaks noted. The Cr and Ti profiles are coincident with the entire oxygen peak in 
this region. It is assumed that this relates to Cr2O3 doped with Ti. Note that the Ni and Co 
signals do not diminish completely in the COL, whereas Hf, Mo and Ta intensities more or 
less decrease to background levels.  
 
Figure 5-5 EDS line scans obtained from a cross-section of SP FGRR1000 following exposure at 800°C for 120 
hours under 850 MPa compressive load. Annotations represent the important regions identified from the FIB 
microscopy.  
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Supplementary analysis of the COL formed under compression employed EDS point analysis 
of cross-sections milled at 30° (Figure 5-6a) and 45° (Figure 5-6b). Analysis of cross-sections 
milled at different bevelling angles ascertained the effects of increasing the COL projection 
on the composition measured. The point analyses agree with the findings of the line-scan 
methodology and confirm that the COL consists of mostly of Al and Cr with some Ti. This, 
again, detects significant quantities of Ni and Co; however, this could be an interaction 
volume effect.    
 
Figure 5-6 SEM-EDS point analysis of the continuous oxide layer identified in a shot-peened specimen exposed 
at 800°C under compressive load: (a) apparent elemental concentration obtained from 30° and 45° cross-
sections (b) BSE micrograph of trench milled at 30° and (c) BSE micrograph of trench milled at 90°.  
SEM-EDS analysis completed on the cross-section pertaining to the tensile loaded side of the 
specimen revealed that the COL contained neither Cr or Ti. The layer formed is instead a 
continuous oxide of predominantly Al2O3. A comparative XRD study of the oxidised 
specimens, for all loading conditions, did not reveal the presence of any new oxide phases. 
Hence, the COL in the compressive specimen should consist of the same Cr and Ti oxides 
found under classical conditions. However, this may be a result of the penetration distance 
offered by the x-rays.   
Oxidation under compressive and tensile loads at 750°C for 168 hours also brought about 
changes to the internal oxide morphology. Figure 5-7 shows the typical oxide cross-sections 
(TPII) of the loaded specimens. Internal oxides continue to form preferentially at the grain 
boundaries of the recrystallised grains but exhibit enhanced lateral growth. Note that this 
observation is not an artefact of the high angle milling (20° for this particular specimen) 
because this would only affect the precipitate appearance in the milling direction. SEM-EDS 
analysis confirmed that these precipitates are Al2O3.  
 
(b) (c)
O Al Ti Cr Co Ni Mo
0
10
20
30
40
50
60
70
Co
nc
en
tr
at
io
n 
(a
t. 
%
) 45˚
30˚
EO
GB IO
CL
GB IO
CL
EO
(a)
2 μm 2 μm
 137 
 
Figure 5-7 TPII oxide cross-sections revealing the effects of 850 MPa compressive and tensile loads on the 
internal oxide microstructure in shot-peened FGRR1000 following exposure at 750°C for 168 hours: (a) 
compression and (c) tension.  
5.2.2 FIB-SIMS elemental mapping 
In-line with the classical oxidation of Chapter 3, this study also utilises the FIB-SIMS 
mapping technique to evaluate the relative distributions of the 16O and 18O species in the 
oxide cross-sections. Figure 5-8 and Figure 5-9 present the 16O- and 18O- FIB-SIMS maps 
corresponding to the FIB micrographs in Figure 5-1 and Figure 5-4, respectively.  
The 16O- and 18O- maps for each surface and loading condition confirm the counter-current 
transport mechanism previously reported for classical oxidation. The 18O- distribution 
throughout the entirety of the external oxide corroborates the inward oxygen (anionic) 
diffusion. Cationic diffusion is inferred from the known transport mechanisms for Cr2O3 
growth[20] and furthermore Ti must diffuse outwards to form as an external oxide above the 
chromia. Anionic diffusion through the bulk alloy itself takes place initially along the grain 
boundaries of the parent alloy, where the internal oxides nucleate. In doing so, the interface 
of the grain boundary oxides and the parent/recrystallised grains provides a fast diffusion 
path for oxygen transport in the alloy. As with the unloaded specimens, the superior oxygen 
diffusivity along these interfaces expedites the grain boundary internal oxidation rate 
[33,35,36].  
In addition to confirming the primary transport mechanisms during oxide growth, Figure 5-8 
and Figure 5-9 disclose other noteworthy features relating to the oxidation under load. 
Concerning the polished specimens under compression, the 16O- map (Figure 5-8a) highlights 
the 16O-enrichment in protrusion, which itself suggests that its growth initiates during the first 
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stage of the isotopic oxidation exposure (i.e. t < 72 hours). The 16O- intensity generated by 
the protrusion reflects that of the bulk external oxide itself, whilst the circled region 
highlights the subtle difference in 16O- intensity due to Al2O3 in the protrusion. This concurs 
with the EDS results and provides further evidence of a mixed oxide protrusion. The 18O-
enrichment of the protrusion (Figure 5-8b) demonstrates how oxygen diffusion occurs 
through this oxide much like the external oxide itself. Figure 5-8(c-d) do not reveal any new 
features during tensile loading, suggesting that the tensile loads only act to expedite the 
oxidation kinetics.  
 
Figure 5-8 FIB-SIMS mapping of polished FGRR1000 following isotopic oxidation under bending loads at 
800°C: (a) compression 16O-, (b) compression 18O-. 
The 16O- map for the shot-peened compressive specimen (Figure 5-9a) reveals a subtle 
difference in the normalised intensity across the external oxide. This is visualised as a layer 
of high 16O- intensity (labelled 1) below a layer of lower 16O- intensity (labelled 2); the dashed 
white line defines the interface of these two layers. This boundary coincides with the 
interface of the rutile and chromia layers seen in Figure 5-4(a-b) and therefore, relates to the 
different secondary ion yields of the chromia and rutile. The 18O- map (Figure 5-9b), 
however, does not demonstrate this layering. Below the external scale, the internal oxides 
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that reside amongst the intermediate recrystallised layer demonstrate both 16O and 18O 
enrichment. The COL is also separable into two layers of contrasting 16O- intensity, where the 
dashed green line defines the interface of these two regions. However, the region having the 
higher 16O- signal (labelled 3) sits above that of lower intensity area. As with the external 
oxide, the 18O- distribution does not show this separation in the COL. The sustained 18O- 
signal in the grain boundary internal oxides illustrates the continued oxygen diffusion through 
the COL. The 16O- map corresponding to oxidation under tension (Figure 5-9c) demonstrates 
a similar layering (i.e. 4 and 5) in the external oxide (see dashed white line) but not in the 
continuous oxide layer.  
 
Figure 5-9 FIB-SIMS mapping of shot-peened FGRR1000 following isotopic oxidation under bending loads at 
800°C: (a) compression 16O-, (b) compression 18O-, (c) tension 16O- and (d) tension 18O-. 
5.2.3 Effect of mechanical loads on the oxidation damage 
Estimations of the average external oxide, internal oxide (grain boundary) and γ’-depletion/ 
recrystallisation depths were taken from the oxide cross-sections. All examples compare the 
measurements made here with those of the classically oxidised specimens in the previous 
chapter.  
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5.2.3.1 Depth Measurements  
 
Figure 5-10 External oxide, internal oxide and γ’-depletion/recrystallisation depth measurements obtained from 
cross-sections of Polished (a-c) and SP FGRR1000 (d-f): (a) 700°C for 230 hours, (b) 750°C for 168 hours and 
(c) 800°C for 120 hours, (d) 700°C for 230 hours, (e) 750°C for 168 hours and (f) 800°C for 120 hours. 
Reference refers to the unloaded specimens oxidised under the same conditions in Chapter 4.  
Figure 5-10 compiles the average depth measurements of the three features examined at each 
temperature and loading condition. Each bar chart presents the data for a single temperature 
and surface finish. The findings concerning the polished alloy (Figure 5-10a-c) clearly 
highlight the stress related effects during oxidation under compressive and tensile loading; 
particularly for the internal oxidation and γ’-depletion/recrystallisation. These stress effects 
do not portray straightforward relationships, and therefore, Table 5-2 interprets the load 
effects in terms of depth enhancement ratios R and the absolute depth increase Δ.  
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Temperature, T (°C) 
Rcomp or ∆comp (µm)  Rten (%) or ∆ten (µm) 
EO IO GPD/RX EO IO GPD/RX 
700 1.15 (0.06) 
1.23 
(0.19) 
1.11 
(0.15) 
1.08 
(0.03) 
1.52 
(0.44) 
1.26 
(0.35) 
750 1.16 (0.11) 
1.27 
(0.43) 
1.26 
(0.51) 
1.27 
(0.17) 
1.40 
(0.63) 
1.36 
(0.69) 
800 1.48 (0.58) 
1.51 
(1.48) 
1.50 
(2.00) 
1.29 
(0.35) 
1.38 
(1.13) 
1.40 
(1.58) 
Table 5-2 Relative (R) and absolute depth increase (∆) due to 850 MPa compressive and tensile loads during 
oxidation of polished FGRR1000 between 700-800°C. The absolute depth increase is given in the parenthesis. 
Relative values are approximated to the nearest integer.  
Figure 5-10a and Table 5-2 describe a negligible increase in the external oxide growth under 
bending loads at 700°C. Both the internal oxidation and γ’-depletion/recrystallisation 
experience show enhancement under loading but the absolute values are quite small. The 
same stress effects hold following 750°C exposure under load. The loaded specimens 
demonstrate a substantial increase in the external scale growth following the 800°C exposure. 
Loading effects now reverse and compressive loads now cause the greatest enhancement of 
the reaction kinetics.  
Likewise, Table 5-3 summarises the effects of compressive and tensile loads using the 
relative and absolute depth enhancements but for the shot-peened specimens. For any of the 
parameters monitored, the application of either loading condition appears to only expedite the 
reaction kinetics for the 700°C exposure. Both loading conditions facilitate a significant and 
equivalent increase (relative and absolute) for all of the variables measured. In general, the 
shot-peened alloys show higher enhancement factors. In conclusion, the applied loads mostly 
influence the oxide morphologies at 750°C and 800°C. 
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Temperature, T (°C) 
Rcomp or ∆comp (µm)  Rten (%) or ∆ten (µm) 
EO IO GPD/RX EO IO GPD/RX 
700 1.61 (0.25) 
1.41 
(0.58) 
1.82 
(1.29) 
1.86 
(0.34) 
1.39 
(0.54) 
1.81 
(1.28) 
750 1.09 (0.13) 
1.02 
(0.08) 
1.10 
(0.48) 
1.02 
(0.04) 
1.05 
(0.18) 
 1.12 
(0.59) 
800 1.01 (0.02) 
0.96 
(0.17) 
1.09 
(0.65) 
1.03 
(0.06) 
1.06 
(0.28) 
 1.07 
(0.51) 
Table 5-3 Relative (R) and absolute depth increase (∆) due to 850 MPa compressive and tensile loads during 
oxidation of shot-peened FGRR1000 between 700-800°C. The absolute depth increase is given in the 
parenthesis. Relative values are approximated to the nearest integer.  
5.2.3.2 Internal Oxide Area Measurements  
The following analyses determined the internal oxide area as per the method described in 
Chapter 3. It is not possible to provide a suitable estimate for the error due to the various 
factors included in this mode of quantification. Figure 5-11 compares the internal oxide area 
(based on a 30 µm sample width) of the polished and shot-peened alloys between 700-800°C. 
Figure 5-11 clearly highlights the superior internal oxide area possessed by the shot-peened 
alloys over their polished equivalents. 
 
Figure 5-11 Internal oxide area determined for a sample region width of 30 µm in both polished and shot-peened 
FGRR1000: (a) 700°C 230 hours, (b) 750°C 168 hours and (c) 800°C 120 hours. 
Again, enhancement factors (Table 5-4) have been determined for each loading condition, 
surface finish and temperature. The 700°C exposure produces equal enhancement ratios for 
the two loading conditions but are higher for the SP alloys. For the 750°C exposures, the 
polished specimens show an equal enhancement for both loading conditions but the shot-
peened specimens do not undergo any area increase. For the 800°C specimens, both the 
polished and shot-peened alloys experience the highest enhancement under compression. In 
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most cases, the area increases are essentially a manifestation of the depth increases under 
load.  
Temperature, T 
(°C) 
Polished Shot-Peened 
RA, Comp  RA, Ten RA, Comp  RA, Ten 
700 1.46 1.46 2.22 2.12 
750 1.28 1.30 1.01 0.99 
800 1.76 1.47 1.34 1.08 
Table 5-4 Internal oxide area enhancement factors RA for oxidation under compressive and tensile loads 
between 700-800°C.  
5.2.4 Oxygen diffusivity in the external oxide 
This work also quantifies the oxygen tracer diffusivity in the external oxide as with the 
statically oxidised specimens. Table 5-5 provides the tracer diffusion coefficients for polished 
and shot-peened FGRR1000 for both compressive and tensile loading. Note that, the fitting of 
the external oxide for the shot-peened specimens exposed at 800°C used the region according 
to the Cr2O3 region only. The findings demonstrate similar diffusion coefficients for the two 
loading conditions. Further comparison of these values with the equivalent values of the 
unloaded specimens by means of an Arrhenius plot reveals (Figure 5-12) that external 
mechanical loads do not lead to increased oxide diffusivity in the scale. 
Temperature, T 
(°C) 
Polished  Shot-Peened  
D*Comp,P D*Ten,P  D*Comp,SP D*Ten,SP  
700 4.9 × 10-15 3.5 × 10-15 9.6 × 10-15 9.2 × 10-15 
750 1.9 × 10-14 2.4 × 10-14 3.7 × 10-14 5.9 × 10-14 
800 6.2 × 10-14 4.1 × 10-14 3.7 × 10-13* 3.4 × 10-13* 
Table 5-5 Oxygen tracer diffusion coefficients (cm2s-1) in external oxide for compressive and tensile loading. 
*Indicates that the diffusion coefficient was determined using the region according to the Cr2O3 in the external 
oxide.  
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Figure 5-12 Arrhenius plots of the oxygen tracer diffusion coefficient (DO*) in the external oxide: (a) polished 
and (b) shot-peened. 
5.3 Discussion  
The results of this investigation clearly indicate that mechanical loads have a two-fold effect 
on the oxidation of both the polished and shot-peened alloys. External loading modifies the 
nature of the external and internal oxides and/or accelerates the oxidation kinetics. The 
differences in oxide morphologies comes as a surprise given that the majority of current 
literature only reports expedited kinetics (see for example references [72-74]).  
5.3.1 Consideration of alloy deformation under bending loads 
All specimens, polished and shot-peened, showed permanent creep deformation due to the 
loading at high temperature. This relaxes the initially high applied stress, indicating that the 
stress experienced by the specimen at the end of exposure could be significantly less. The 
high stresses but intermediate temperatures imply that the dislocation creep mechanisms will 
dominate. Depending on the extent of the creep, grain boundary sliding may also act as a 
mode of stress relief. Grain boundary sliding itself has been cited on various occasions 
[35,36] as a method of stress relief due to the volume increase associated with internal 
precipitation in the absence of external loads. Additionally, the external oxidation process 
itself may increase the extent of the creep through vacancy injection into the substrate 
thereby promoting dislocation climb [100]. The creep-deformed microstructure is expected to 
have an active role in the production of the new oxide morphologies.  
To add further complexity, the deformed near-surface of the shot-peened alloy, which 
contains a large number of defects (i.e. dislocations and vacancies), is unstable at elevated 
temperatures in the absence of mechanical loads [201,202]. Recrystallisation will act 
simultaneously to reduce the dislocation density in the work-hardened alloy. This work 
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presents no evidence as to whether the overall effects increase or decrease the defect density 
within the oxidised regions. Should a higher defect density result, it will almost certainly 
increase the number of short-circuit paths (i.e. dislocation sub-structures) in the alloy for 
enhanced diffusion. If these dislocations accumulate at grain boundaries, both dislocation 
pile-up and vacancy condensation could easily lead to void formation. Although this work 
presents no direct evidence of voids, it is believed that they are simply consumed during the 
oxidation process. 
5.3.2 Morphological aspects of oxidation under compressive and tensile loads 
5.3.2.1 Polished FGRR1000 
The ambiguous growth of the protrusion at 800°C under compression is a consequence of the 
creep deformation endured by the alloy. FIB-SIMS mapping indicated that its growth 
initiated within the initial 72 hours of exposure; however, it failed to elucidate any further 
information regarding its growth mechanism. Localised cracking in the external scale, which 
exposes the underlying alloy to further oxidation [78], would normally seem feasible; 
however, surface and cross-sectional examinations showed no evidence of such cracking. 
Further analysis of the SIMS maps revealed that the oxygen diffusivity through the external 
oxide did not increase under load. Interface instability could act as another possible 
mechanism. The protrusions could possibly form because of localised void condensation at 
the metal oxide interface. The convenient positioning of the voids in this region indicates that 
a high oxygen concentration and therefore, activity will exist. As oxygen dissolves into the 
alloy during the early stages of exposure, it readily oxidises Al to form the more stable Al2O3, 
in doing so causing local depletion. Based on the overall extended internal oxidation and γ’-
dissolution depth, this process happens much faster under compressive loads. With local Al 
depletion, the local oxygen concentration increases to levels that permit Cr2O3 precipitation. 
As the protrusion grows, it does so around the pre-existing Al2O3, resulting in its 
encapsulation.  
5.3.2.2 Shot-Peened FGRR1000 
Regarding the 750°C exposure, both compressive and tensile sides undergo a similar change 
in the internal oxide morphology, forming large internal oxide islands at the grain boundaries. 
Whilst the loaded alloys form apparently thicker grain boundary internal oxides, the internal 
oxidation areas and depths remain the same. This and the similar recrystallisation depths for 
all specimens, disregards morphological changes due to increased anion or cation diffusion.  
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The proposed combinations of creep and alloy instability effects to create voids at grain 
boundaries presumably accounts for the large internal oxide islands. One particular property 
of such sites is their ability to act as preferential heterogeneous nucleation sites for oxide 
nucleation [35,36]. However, it is thought that this alone does not account for the increased 
lateral growth at grain boundaries. One possible explanation is the increase in volume 
provided by the voids. Shida et al [35,36] argue that the increase in volume facilitates oxide 
precipitation and growth because the surrounding alloy does not initially restrict the growing 
oxide. This allows the internal oxides to grow laterally as opposed to into the defective grain 
boundaries ahead. However, the alloy is more likely to yield under the high stresses to 
accommodate the volume increase, making the free volume argument irrelevant. In reality the 
large thermodynamic driving force for Al2O3 nucleation allows it to form with relative ease. 
If oxygen diffusion occurs rapidly along the alloy-oxide interface, a considerable amount of 
oxygen with high activity accumulates locally as the void develops. These then achieve 
supersaturation more readily and the frequency of oxide nucleation events increases to 
produce larger internal oxides.  
Under compressive loads at 800°C, the shot-peened alloy forms a continuous mixed oxide 
layer. Of particular interest, is the precipitation of Cr internal oxides in this layer. Under 
tension, this does not occur, and clearly, the application of a compressive loads to the initially 
compressive residual stress state in the shot-peened surface, have a more significant influence 
on the microstructure in comparison to the application of tensile loads. This could be related 
to the fact that the externally applied tensile stresses act to counteract the residual stresses, 
whereas the applied compressive stresses reinforce these compressive residual stresses. The 
direction of the loading clearly influences the underlying microstructure and the oxide 
products formed in the shot-peened alloy at 800°C. Furthermore, loading direction effects do 
not manifest at 700°C and 750°C, which might suggest that a minimum temperature exists 
where the loading direction becomes significant.  
As stated, the continuous oxide layer under compression exhibited Al, Cr and Ti enrichment. 
It was suggested that these correlated to Al2O3 and Ti doped Cr2O3 oxides or possibly (Al, 
Cr)2O3. It is believed that only Al2O3 forms initially, in a similar manner to the tensile 
loading. Wagner [204] previously described the simultaneous external and internal oxidation 
of a more reactive component (i.e. Cr). Different authors have applied Wagner’s 
interpretation to various chromia-forming alloys [29,185,205]. Wagner’s [204] theory 
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postulates that surface depletion due to external oxide formation of a reactive solute species 
reduces its activity at the oxide/alloy interface. Because a high oxygen concentration 
establishes in the surface, a diffusion profile into the alloy results. An inward positive activity 
product gradient now exists and at some distance into the surface the activity product  𝑎!"! 𝑎!!  
exceeds the equilibrium solubility product 𝐾!", and this is where chromia precipitates 
internally. Whilst plausible, this work attributes the development of Cr-rich oxides to a build-
up of excess oxygen at the already established Al2O3 layer as opposed to the formation of an 
activity product gradient. If the Al2O3 develops as a COL, then oxygen diffusion can only 
occur slowly through the oxide itself [33] and not via the fast surface diffusion. This also 
goes by the assumption that the COL formed under tension allows for easier oxygen diffusion 
into the bulk. In support of this, and without further quantification, it could be argued that 
larger internal oxides form beyond the COL under tension. As inward oxygen diffusion along 
the fast internal oxide/ recrystallised grain interfaces occurs rapidly through the intermediate 
layer, an excess of oxygen establishes at the interface of the COL. Note that the layer does 
not completely block inward oxygen diffusion deeper into the alloy since Figure 5-9b clearly 
shows 18O-enrichment in the internal oxide fingers. Simultaneously, consumption of the Al 
arriving from the bulk, by virtue of the Al2O3 finger growth deeper into the alloy, restricts 
further Al2O3 precipitation in the COL even with the high oxygen activity. Recalling that the 
re-crystallised grains themselves retain a significant amount of Cr (Chapter 4, Table 4.10) 
then one assumes that a high Cr activity exists. Hence, the low Al activity coupled with the 
high chromium and oxygen activities permit Cr2O3 precipitation (i.e. the equilibrium now 
satisfies that of Cr2O3) within the vicinity of the COL. Sub-surface chromia formation 
accounts for the increased internal oxide area recorded under compression.  
Whilst the former seems feasible, it is not clear why the Cr2O3 only forms at the continuous 
oxide and not throughout the entirety of the recrystallised region even though the external 
oxide does not consume all the Cr. Even with significant Cr depletion occurring, the mole 
fraction of Cr needed for Cr2O3 precipitation is actually quite small. To show this, consider 
the Cr2O3 solubility product    𝑁!"! 𝑁!!, which can be estimated by: 
  𝑁!"! 𝑁!! = exp  (−∆𝐺!𝑅𝑇 ) (5.2) 
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∆𝐺! =   ∆𝐺!! 𝐶𝑟!𝑂! − ∆𝐻!" − 32𝐻!   (5.3) 
where ∆𝐺!! 𝐶𝑟!𝑂!  is the free energy formation of Cr2O3 and ∆𝐻!" and ∆𝐻! are the excess 
enthalpies associated with Cr and O dissolution in Ni. Making use of the Cr and O solubility 
data provided by Kubaschewski et al [206] gives a solubility product   𝑁!"! 𝑁!! = 1.21 x 10-15 at 
800°C. Therefore, at the equilibrium oxygen pressure and assuming Sievert’s Law, Cr2O3 
stability requires a mole fraction NCr = 9.5 x 10-8. Even with the outer Cr2O3 formation, the 
Cr levels are not expected to fall to such low levels. Therefore, the reasons for the absence of 
Cr2O3 throughout the entire region remain unknown.  
5.3.3 Effect of bending loads on the oxidation kinetics 
The influence of bending loads on the oxidation behaviour of this alloy showed very mixed 
results. The majority of the variables measured in the polished specimens demonstrated 
increased growth kinetics under both compression and tension, with the internal oxidation 
affected most of all. Note that, whilst the γ’-depletion/recrystallisation depth amplified under 
load, this in hindsight reflects the accelerated oxidation kinetics. For this reason discussions 
shall refer to the external and internal oxidation behaviour only.  
Concerning the external oxidation kinetics, the finding that both compressive and tensile 
loads result in expedited external oxidation kinetics comes as a surprise. To emphasise this 
point, consider the following relationship, as proposed by Evans et al [196] for the influence 
of a mechanical stress on the scale growth rate !"!":  𝑑𝑥𝑑𝑡 = 𝐷!,!""𝑥 exp 𝜎Ω!(Φ− 1)𝑘𝑇  (5.4) 
where Di,eff is the effective diffusion coefficient of the species involved during oxidation, σ is 
the applied stress, ΩM is the volume of the metal atom, Φ is the Pilling-Bedworth ratio and k 
and T have their normal meanings. The exponential term describes the influence of stress on 
the normal parabolic growth rate and indicates that a tensile stress increases the growth rate, 
whilst compressive stresses should decrease it. Note that an increase in the vacancy 
concentration under stress provides the physical basis of this equation. Figure 5-13 plots the 
exponential term as a function stress for 700-800°C, assuming pure Cr2O3 growth (ΩCr = 1.22 
x 10-29 and Φ = 2.07 [69]), with the vertical line denoting the applied stress of 850 MPa.  
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Figure 5-13 External oxide growth enhancement under tensile stress between 700-800°C, assuming pure Cr2O3 
growth under parabolic conditions.  
Accordingly, at this stress, the growth rate should more than double under the applied loads 
according to Equation 5.4. Moreover, the enhancement should decrease with temperature. 
Assuming parabolic kinetics (as per previous chapter) and taking the ratio of instantaneous 
rate constant for the tensile and reference specimens, gives 1.18, 1.61 and 1.67 at 700°C, 
750°C and 800°C, respectively. These values are significantly lower than those predicted and 
do not show the correct temperature dependency. Of course, this analysis has not taken into 
account the doping within the scale, nor does it include the stresses generated due to creep 
mismatch [198] or intrinsic growth. Intrinsic growth stresses are generally compressive and 
in the GPa range. Creep mismatch stresses arise because the oxide typically has a higher 
creep resistance than the alloy on which it grows, thus forcing the scale to deform to maintain 
displacement continuity [198]. Had the analysis incorporated negative stresses, an increase in 
the oxidation resistance would have manifested itself. Limarga et al [198] have proven this 
for NiAl nitridation but this does not hold here as the experimental findings of this work 
determined a positive increase under compressive stresses. Hence, Evans’ et al [196] 
description does not adequately describe the external oxidation behaviour under compressive 
loads, whilst an improved estimate of tensile loading effects requires more information 
regarding the stresses in the scale.  
The previous argument also assumes that the migration of defects (or alternatively ions) 
across the scale controls the growth rate in the scale. Isotopic tracer experiments indicated 
that applied stresses have very little influence on the inward oxygen diffusion, thus 
eliminating the possibility of enhancement due to a greater contribution from inward anionic 
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growth. This suggests that the mechanical loads and the overall deformation act to influence 
the diffusivity of the oxidised solute species (i.e. Cr and Ti) in the parent and recrystallised 
alloy [40,207]. Note that the previous chapter arrived at the same conclusion for the 
expedited oxidation kinetics observed in the shot-peened alloy.     
Much of the literature available (see for example references [72,113,208]) infers greater 
internal oxide penetration depths from stress assisted grain boundary diffusion. The premise 
of this argument states that the hydrostatic stress increases the oxygen mobility (i.e. Equation 
2.25). For example, modelling conducted by Karabela et al [72,73] described accelerated 
internal oxidation kinetics by first computing the hydrostatic stress gradient through crystal 
plasticity modelling and then the oxygen diffusion as per Equation 2.25. The authors 
successfully rationalised the amplified oxygen penetration depths through this method. 
However, this analysis did not account for the flux of the metallic species and the oxidation 
processes themselves, which inherently modify the media through which the oxygen diffuses. 
Furthermore, Equation 2.25 itself implies that a compressive stress gradient should have an 
adverse effect and should decrease the inward oxygen flux. Clearly, this does not hold here as 
the compressive stresses generated increased the internal oxidation penetration depths. It 
could also be argued that stress assisted oxygen diffusion is negligible given the already rapid 
nature of the oxygen diffusion along the interface of the internal oxide/ alloy interface. The 
increased penetration depths in the polished alloy presumably result from enhanced Al 
diffusion, as well as increased oxygen diffusion in the alloy, due to the defective 
microstructure resulting from the constant loading at high temperatures. In support of 
increased solute diffusion, both compressive and tensile sides loads amount to relatively 
higher γ’-dissolution/recrystallisation depths, suggesting an increased Al flux towards the 
internal oxidation front. For maintained inward internal oxide growth, the oxygen diffusion 
would still have to outweigh that of the solute, otherwise a transition from internal to external 
oxidation would occur due to increased solute enrichment. Equally, the growth of an oxide 
precipitate requires that both oxygen and the solute be supplied to its surface. Hence, the 
overall combination of increased oxygen and solute fluxes manifest as an increased internal 
oxidation rate under constant loads.  
In the shot-peened specimens, a very different response occurs under external loads, which 
reflects the number of competing microstructural processes. Regardless of the temperature, 
the applied stresses never increased the oxidation kinetics in the polished alloy above those of 
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the shot-peened alloy. Even with defect annihilation in the shot-peened structure, it appears 
that the overall number of defects reaches equilibrium. As such, the shot-peened alloy 
realises no further enhancement of the oxidation kinetics between 750-800°C and only 
morphological changes to the internal oxidation products take place. This highlights the 
greater importance of deformation occurred in the microstructure rather than stress assisted 
oxygen diffusion when this alloy is oxidised under constant external loads.  
5.3.4 Origin of spallation under compression at 700°C 
Oxidation under bending loads only caused spallation in the shot-peened alloy under 
compressive loads at 700°C. A thorough examination of the tensile loaded side of the 
specimen at this temperature revealed no signs of spallation. A detailed calculation of the 
stresses leading to spallation is not possible in this study as the stresses in the scale have not 
been determined; however, it is still necessary to discuss the behaviour qualitatively. Figure 
5-14a shows some regions of undulated scale growth, that lead to the conclusion that 
spallation occurs through the buckling mechanism as described by Evans [209].  
 
Figure 5-14 SEM SE images of oxide scale grown on SP FGRR1000 during exposure at 700°C under 
compressive loads: (a) un-cracked scale showing undulations and (b) spalled regions revealing underlying 
oxidation.   
Due to the combination of creep and high temperature oxidation experienced by the alloy, 
this discussion attributes the stress generation to both intrinsic growth and creep mismatch 
stresses[198]. Under tensile creep, creep mismatch will benefit the oxide through stress 
relaxation since the mismatch stresses counteract the intrinsic growth stresses. However, 
under compressive creep, the creep mismatch and intrinsic stresses superimpose to produce 
much larger compressive stresses in the oxide. Indeed, Limarga et al show [198], for 
nitridation of NiAl, that only a modest applied stress induces very large stresses in the scale 
(a) (b)
5 μm 5 μm
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due to the mismatch. The same authors also show that this stress increases inversely with the 
scale thickness (assuming a uniform stress distribution across scale and substrate). Hence, on 
the basis of the critical stress for buckling being proportional to the square of the oxide 
thickness, and the large stresses induced by intrinsic and creep mismatch in thinner scale, the 
scale at lower temperatures is more likely to buckle. But why does the polished specimen not 
spall at 700°C? This presumably relates to the specimen geometry. In the polished specimen, 
the oxide grows on a relatively smooth surface, free of any large geometrical variations; 
however, the shot-peened surface possesses significant form. The form causes large intrinsic 
growth stresses in the shot-peened alloy. These growth stresses, combined with the 
compressive creep mismatch stresses, are enough to exceed the fracture stress of the oxide, 
whereas the intrinsic stresses of polished specimens do not. Of course, this is qualitative and 
further work should assess the stresses in the scale.  
5.4 Conclusions  
This chapter investigated the isothermal oxidation behaviour of polished and shot-peened 
FGRR1000 under constant bending loads with an applied stress of 850 MPa under isotopic 
oxidation conditions. Bending loads permitted the study of compressive and tensile loads 
concurrently. Characterisation mostly used FIB microscopy and FIB-SIMS elemental 
mapping, with supplementary SEM analysis providing further evidence. The following 
conclusions are applicable to this study.  
Bending loads do not influence the nature of the oxidation products formed but do induce 
morphological changes to the oxide scale in the polished alloy at higher temperatures. FIB-
SIMS mapping confirmed that the governing transport mechanisms under classical conditions 
also operate under load. The finding that both compressive and tensile stresses increase the 
external and internal oxidation kinetics is surprising. The accelerated kinetics were related to 
enhanced solute (i.e. Al, Cr and Ti) and oxygen diffusion in the alloy due to the increased 
number of fast diffusion paths resulting from creep deformation in the alloy. Stress effects 
did not manifest themselves as increased penetration depths in the shot-peened specimens 
and instead they influenced changes in the morphology of the internal oxides. Analysis of the 
oxygen tracer diffusivities in the external scale revealed very small stress related effects, 
however the accuracy of the measured values is questionable. Spallation occurred in the 
compressively loaded side of the shot-peened specimen at 700°C, which was attributed to a 
combination of intrinsic growth and creep mismatch stresses. This work, whilst providing 
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insight into the effects of constant bending loads, indicates the need for further investigations 
to understand the microstructural evolution during exposure under load. 
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Chapter 6 – The Effects of Fatigue on the Residual Stress 
Relaxation and Oxidation of Shot-Peened RR1000  
The free surface of the alloy component provides a common site for nucleation of fatigue 
cracks with pre-treatments to the alloy surface affecting the crack initiation mechanism. 
Techniques which act to modify the near-surface can improve an alloys fatigue crack 
initiation and crack growth. Shot-peening is an established procedure, which plastically 
deforms the materials surface microstructure through impingement of the surface with small 
spherical media [158]. This produces a work-hardened layer and a misfit strain between the 
bulk and surface of the material. The misfit strain causes an in-plane compressive residual 
stress state. The compressive residual stresses reduce the effect of externally applied tensile 
loads, thereby inhibiting fatigue crack initiation and improving the fatigue crack growth 
resistance.  
Unfortunately, the beneficial effects of the shot-peening diminish because both high 
temperature exposure [201,202] and cyclic stresses [201,202,210,211] cause residual stresses 
relaxation. This is a significant concern for engineers, as the component fatigue life may not 
be optimised. Evidently, the surface plays a significant role during fatigue crack initiation of 
these alloys. The high temperatures and stresses not only provoke a mechanical response 
from the alloy but they will also affect the surface integrity through oxidation.  
This chapter then assesses the residual stress relaxation and changes incurred in the work-
hardened layer because of thermal exposure and dwell-fatigue loading. This study further 
reports the influence of the cycling on the oxidation behaviour. These include FIB-SEI, XRD 
residual stress analysis, EBSD and micro-hardness testing. The results of this particular study 
provide a base-line interpretation of the alloys mechanical response, essential for the 
succeeding chapter. 
Important Note to Reader 
The work presented in this chapter largely contains the results and discussions taken directly 
from the following article: 
B. J. Foss, S. Gray, M.C. Hardy, S. Stekovic, D. S. McPhail, B. A. Shollock,; Analysis of shot-peening and 
residual stress relaxation in the nickel-based superalloy RR1000.; Acta Materialia, 61, 7, 2458-­2559 (2013).  
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6.1 Specific experimental details 
6.1.1 Materials and Specimens  
This particular study assesses shot-peened fine grain RR1000 only. To assess the temperature 
dependent effects, specimens of approximately 15 mm x 15 mm x 2 mm were prepared. The 
fatigue testing used RLH 10386 variable stress specimens as provided by Rolls-Royce plc 
(Figure 6-1). These had a waisted geometry with a specimen diameter 4.4 mm and 18 mm at 
the mid-section and section ends, respectively. All surfaces were prepared to a surface 
arithmetic mean roughness of RA = 0.8 µm prior to shot peening.  
6.1.2 Fatigue testing 
High temperature fatigue test utilised the environmental fatigue rig described in chapter 2. 
Testing was conducted under load control at a maximum load of 12.97 kN (855 MPa at the 
midpoint of the specimen) with a load ratio R = 0 at 700 °C. The fatigue cycle consisted of a 
ramp of one second to maximum load, followed by a 1200 second hold at maximum load, a 
one second ramp down to zero-load and one second at zero load (1-1200-1-1). Conducting 
the initial heating of the sample under Ar at 50 ccms-1 ensured that no oxidation took place 
prior to loading. Loading commenced as soon as the sample had reached the desired 
temperature and continued for 48 hours (approx. 144 cycles) in a flowing gas mixture of 
argon at 40 ccms-1 and oxygen at 10 ccms-1 to achieve an equivalent gas ratio of 4:1. This 
produced an equivalent oxygen partial pressure to that in air. The specimen was furnace 
cooled at the end of the fatigue test under flowing argon.  
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Figure 6-1 Engineering diagram of the RLH 10386 specimen used in this study for fatigue testing. Reproduced 
with kind permission from Rolls-Royce plc.  
6.1.3 Thermal exposure experiments 
The oxidation high temperature exposures were conducted by simply placing one of the 
coupon specimens next to the fatigue test piece on the lower section of the pull rod. This 
ensured that the oxidation specimen experienced exactly the same conditions as those of the 
fatigue specimen. Vacuum exposures utilised the experimental rig set-up previously 
described for the isotopic oxidation studies. A single coupon specimen was placed in the 
annealing chamber and evacuated to a pressure <10-6 mbar. The sample was heated at 20 °C 
min-1 up to 700 °C and subsequently held for 48 hours. The sample was effectively quench 
cooled in air by rolling off the tube furnace.  
6.1.4 Sample preperation for EBSD and Microhardness measurements 
Following the various tests, the samples were cross-sectioned using a high-precision saw at a 
feed rate of 0.005 mm min-1. The cross-sections were ground to 4000 grit SiC paper, fine 
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polished using 6 µm and 1 µm diamond paste solutions and finally by colloidal silica. The 
samples were finally electropolished in a solution of 45 % butan-1-ol, 45 % acetic acid and 
10 % perchloric acid for 20 seconds using a potential of 20 V at 0 °C.  
6.1.5 Hardness profiling  
Micro-hardness testing was conducted in cross-section using a Zwick-Roell ZHV2 Indentec 
micro-indenter. Using an applied load of 0.3 kg, the indents were spaced 25 µm apart up to 
350 µm inwards from the shot-peened edge. Staggering the indents ensured that no two 
indents were spaced less than 2.5 times the length of the indent diagonal d. Seven 
measurements were made at each depth increment. The quoted hardness at each depth 
increment is the average hardness after disregarding the maximum and minimum values. 
Error estimation used one standard deviation of the measured hardness values at each depth 
increment.  
6.1.6 EBSD data acquisition 
EBSD data sets were collected using the JEOL 6400 scanning electron microscope and HKL 
backscattered electron detector. Data acquisition itself used the Oxford Instruments Flamenco 
package.  The acquisition was conducted over a scan area of 200 µm × 150 µm and a step 
size of 0.4 µm to yield 3 × 104 data points. Analysis used the Oxford Instruments Tango 
Maps package where low-noise filtering was applied and the wild spikes removed. In this 
analysis, a grain boundary was defined by two adjacent points that had a minimum 
misorientation angle of two degrees and were in a group of similar points. This definition 
used the number of grains detected by the EBSD software for a particular grain boundary 
angle. A comparison of the total number of grain detected for grain boundary angles (θ) 
between 1-10° was conducted.  Figure 6-2shows that there is a large drop in the number of 
grains detected between 1-2°. For grain boundary angles that were >2°, the number of 
detected grains remains constant. For this reason the minimum grain boundary angle is set to 
2°.  
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Figure 6-2 The graphical method used to determine the grain boundary angle for EBSD analysis. The large 
change in gradient between 1-2° shows how an unrealistic number of grains are calculated using a grain 
boundary angle of θ = 1°. 
6.1.7 Computation of the Grain Mean Misorientation (GMM) 
Computation of the grain mean misorientation (GMM) used the orientation gi of each pixel i 
contained within the grain. The misorientation ∆gAB and the misorientation angle Γ were 
calculated using the orientation gA of a pixel and its nearest neighbour gB. Each pixel had a 
maximum of eight nearest neighbours. The number of nearest neighbours would have been 
less for pixels with nearest neighbours belonging to another grain. The following equation 
defines the number of misorientation data per grain 𝑚 containing 𝑛 pixels by:  
𝑚 = 12 𝑃!!!  (6.1) 
where 𝑃! is the number of pixels adjacent to the pixel 𝑖. The GMM βj , of the grain j, is then:  
𝛽! = 1𝑚 Γ!!!!!  (6.2) 
Determining the depth of the work-hardening due to shot-peening using the GMM data then 
used the following approach. The GMM of each grain was organised based on the x-
coordinate of the grain with maximum x-coordinate at 200 µm from the shot-peening edge. 
The depth of work-hardening was determined using a plot of the GMM moving average over 
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100 grains against the depth from the surface. Defining the bulk GMM as the average GMM 
of the grains in the regions 100 µm ≤ x ≤ 200 µm, the depth of work-hardening was 
determined as the point at which the moving average GMM curve intersected the bulk GMM 
line. It is necessary to check the validity of the average GMM  
The depth of the shot-peening damage was visualized using the intragranular misorientation 
mapping software. The maps used a colour scale that is representative of the GMM for each 
grain. Computation of the intragranular misorientation maps was over the entire scan area.  
6.1.8 Residual Stress Analysis by X-ray Diffraction  
The residual stress depth profiles were determined using the sin2ψ-method [212] described in 
Chapter 3. Electrolytic layer removal was carried out on an area of 2 mm2 in steps of 
approximately 25 µm to a depth of approximately 200 µm. A Mn-Kα radiation source with a 
wavelength of λ = 2.10314 Å was used to measure the Ni (311) diffraction peak at the Bragg 
angle 2θ ≈ 156°. Eleven ψ offsets were measured for both of the principal in-plane stress 
directions. This work used the elastic constants S1hkl = 1.07 x 10-6 MPa-1 and (½) S2hkl = 5.54 x 
10-6 MPa-1 [213]. The errors associated with the experimental uncertainty and layer removal 
were calculated using the method outlined in reference [214].  
The extent of the work-hardening was further assessed as a function of depth using the 
diffraction peak width (w) of the Ni (311) peak. The peaks at each depth increment were 
fitted using a Gaussian function so that the diffraction peak width w was taken as the full-
width-half-maximum (FWHM) of the Gaussian fit.  
6.1.9 FIB-SEI analysis 
FIB milling followed by FIB-SEI was used to mill trenches into the surface of the specimens 
to examine the nature of the near-surface microstructure before and after the various 
mechanical and thermal tests. Sample milling and imaging used the FEI FIB 200 workstation. 
Deposition of a Pt-strip (25 µm x 2.5 µm x 1 µm) on the milling area protected the surface 
from unwanted sputter damage. An initial trench of dimensions 20 µm x 5 µm x 3 µm was 
then milled at 45° to the surface normal using a 7 nA beam current. The crater wall that was 
to be imaged was polished using successively lower beam currents of 3 nA, 1 nA, 0.5 nA and 
0.3 nA. The milling and polishing procedure produced a smooth cross-section, which was 
subsequently imaged in the secondary electron mode using a 30 pA current.  
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6.2 Results  
6.2.1 Microstructural Observations  
Figure 6-3 shows the FIB-SEI cross-sections for the as-peened, heat treated and fatigued 
specimens. Annotations on these micrographs indicate the significant microstructural 
features. The dwell-fatigue specimen was imaged at the section of maximum stress along the 
gauge length of the specimen.  
 
Figure 6-3 FIB-SEI micrographs revealing the near-surface cross-sectional microstructures for RR1000 FG: (a) 
as-peened, (b) post heat-treatment under vacuum for 48 hours at 700 °C, (c) post heat-treatment in oxygen for 
48 hours at 700 °C and (d) post on-load dwell cycling for 48 hours at 700 °C.  
Figure 6-3a shows the near-surface microstructure of the as-peened alloy. The microstructure 
revealed clear ion channelling contrast between different grains and ion channelling contrast 
within the grains. In addition, γ’-precipitates were visible in the as-peened microstructure. As 
expected [59,73], in the oxidizing environment, a thin oxide layer forms at the alloy surface 
with a recrystallised region directly below it (Figure 6-3c). Figure 6-4 shows a bar plot of the 
measured features, with the error bars representing one standard deviation of the reported 
value. The thickness of the oxide and recrystallised regions using these methods are 280 ± 50 
nm and 490 ± 40 nm, respectively.  
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The changes to the near-surface microstructure following cyclic loading (Figure 6-3d) persist 
to greater depths than the features noted in Figure 6-3c for the un-stressed specimen. The 
increase in thickness of the oxide and recrystallised regions is a manifestation of the effects 
of cyclic loading. Following cyclic loading, the oxide layer is 500 ± 140 nm and the 
recrystallised region is 830 ± 119 nm.  
 
Figure 6-4 Bar plot showing the thickness of the oxide, oxidation affected zone and the total damage for the 
coupon and fatigue specimens.  
6.2.2 Analysis of work-hardening effects  
The Vickers hardness profiles given in Figure 6-5 represent the average hardness as a 
function of depth inwards from the shot-peened surface for each of the test conditions 
investigated. The accuracy of the hardness measurements at each depth increment was 
estimated using the standard deviation of the hardness values. At large depths, far away from 
the shot-peened surface, the hardness values were measured within ±25 HV. The error of the 
hardness measurements near the surface was slightly higher at ±40 HV. Figure 6-6 compares 
the diffraction peak width profiles. The diffraction peak width measurements were within ± 
0.15° at all depths.   
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Figure 6-5 Variation in the Vicker’s hardness as a function of depth inward from the shot-peened surface. The 
error bars are not included as some were very large and caused the figure to become quite congested.  
The form of the Vickers hardness profiles and the peak width measurements indicate that 
there is a similar reduction with distance from the surface. According to the peak width 
measurements, thermal exposure causes a reduction in surface work-hardening of ~21%, 
whereas the surface work-hardening of the fatigued specimen increases by ~22%. The 
hardness profiles of the as-peened and heat-treated specimens decrease to the same bulk 
hardness of 355 – 370 HV. This is equivalent to a peak width of ~2.2°. The dwell-fatigued 
test piece compared to the A/R sample hardens by approximately ~30% to 500 HV. The peak 
width measurements imply that the extent of work hardening is slightly higher at ~37%. This 
discrepancy between the two measurements is an example of the error associated with 
hardness profiling. The depth of work-hardening effects was estimated using the point at 
which the hardness and peak width profiles plateau. The depth of work hardening of both the 
as-peened and thermally exposed specimens extends 100-125 µm inwards from the surface. 
After dwell-fatigue testing, it is difficult to estimate the extent of the work-hardened region 
produced by shot-peening. The measured work-hardening is instead a product of both the 
shot-peening process and mechanical loading.  
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Figure 6-6 Variation in the peak width ({311} FWHM) as a function of depth inward from the shot-peened 
surface. 
Figure 6-7 and Figure 6-8 show the GMM profiles and the corresponding misorientation 
maps, respectively, for all specimens. Both sets of figures indicate the presence of work-
hardening in the surface. The apparent depth of work-hardening in the as-peened alloy is no 
greater than 70 µm. This depth is approximately half of that measured using the other 
methods; however, this value is similar to that measured, using EBSD, for a similar nickel-
based superalloy shot-peened under the same conditions [215]. The underestimate of the 
depth is associated with the averaged GMM never reaching zero as discussed later. For the 
heat-treated (both vacuum and oxygen) and dwell-fatigued specimens, the depth of work-
hardening is approximately 40 µm. The EBSD results indicate that thermal exposure reduces 
the depth of the work-hardening effects; however, the other measurements suggest that the 
depth of work-hardening is unaffected by thermal exposure. This difference is interpreted as 
an effect of the recovery process decreasing the GMM in the deformed region and the GMM 
values being translated in the direction of the surface. That is, if the GMM has some nominal 
value (larger than the bulk GMM) at X0 microns from the surface in the as-peened alloy, then 
the same nominal value will appear at X1 microns (where X0 > X1) from the surface 
following thermal exposure. This averaged GMM will reach the bulk GMM closer to the 
surface and no further decrease in the GMM occurs. This makes the maximum depth of 
work-hardening appear closer to the surface. In line with the hardness and peak width 
measurements, the EBSD method identifies the additional hardening experienced by the 
fatigued specimen. Figure 6-7d shows how bulk GMM increases from ~0.4° to ~0.67° and 
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the maximum GMM increases from ~1.0° to ~1.25°. The curve shown in Figure 6-7d begins 
to level off at approximately the same depth as the equivalent hardness profile in Figure 6-5.  
 
Figure 6-7 Comparison of GMM profiles acquired using EBSD for RR1000 FG: (a) as-peened, (b) post heat-
treatment under vacuum for 48 hours at 700 °C, (c) post heat-treatment in oxygen for 48 hours at 700 °C and (d) 
post on-load dwell cycling for 48 hours at 700 °C. 
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Figure 6-8 Comparison of intragranular misorientation maps using EBSD for RR1000 FG: (a) as-peened, (b), 
post heat-treatment under vacuum for 48 hours at 700 °C, (c) post heat-treatment in oxygen for 48 hours at 700 
°C and (d) post on-load dwell cycling for 48 hours at 700 °C. 
Further analysis of the EBSD data (Figure 6-9) shows that there were no significant changes 
to the size and distribution of the grains in the analysed regions. Figure 6-9 implies that each 
of the alloys possesses an average grain diameter of ~3 µm; however, such value should be 
treated with caution. The alloy here contains a large number primary-γ’ particles (d = 1-5 
µm) situated at the grain boundaries. The EBSD software will include these into the analysis 
and this will inevitably influence the grain size distribution determined. Given the test 
temperature, which is well below the γ’ solvus (~1150°C), then the bulk primary-γ’ should 
not readily dissolve. This implies that the primary-γ’ fraction should not change and 
therefore, these should have no further influence of the grain statistics following either heat-
treatments or fatigue.  
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Figure 6-9 Log-normal distributions of the EBSD determined grain diameter data for each of the specimens. 
Further analyses accounted for the fraction of twin and special coincident site lattice (CSL) 
boundaries (Σ ≤ 29) as previous works have signified their importance to the alloys high 
temperature performance [147,150]. Image analysis of the twin and CSL maps constructed 
for the various specimens indicated that fraction of these features remained constant.  
6.2.3 Residual Stresses 
Figure 6-10 shows plots of the residual stresses in the shot-peened layer determined by the 
sin2ψ -method. The profiles show residual stress in both the longitudinal and transverse 
directions. The as-peened compressive stresses extend to 200 µm from the surface. The 
surface and maximum compressive stresses are approximately -1100 MPa and -1450 MPa 
respectively. The residual stress profiles indicate that the stress relaxation following thermal 
exposure is isotropic. Thermal exposure reduces the maximum compressive residual stress to 
-900 MPa and the surface residual stress to -400 MPa. The relaxation is insignificant beyond 
~125 µm, which is equivalent to the maximum depth of the work-hardening effects. This is 
consistent with a minimum level of work-hardening necessary to facilitate stress relaxation 
[216]. A further observation is the position of the maximum compressive residual stress. For 
the as-peened case, the thermal exposure shifts the maximum residual stress from 50 µm to 
75 µm. The depth of the compressive residual stresses is unaffected by thermal exposure and 
remains at 200 µm.  
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Figure 6-10 Residual stress profiles in shot-peened FG RR1000 following thermal exposure and dwell-fatigue 
(a) longitudinal direction (b) transverse direction 
The dwell-fatigue at temperature stress relaxation behaviour is very different to that due to 
purely thermal exposure. The surface residual stress relaxes to approximately ~400 MPa, 
which is the same as that for purely thermal exposure. The fatigue loading effectively 
nullifies the compressive residual stresses beyond the surface. The residual stress relaxation 
of the dwell-fatigued specimen is isotropic. The surface residual stresses are identical in the 
longitudinal and transverse direction; however, below the surface, the sign of the residual 
stress fluctuates for both directions. The result is that at some points, the longitudinal residual 
stress may be positive, but the transverse residual stress is negative. The behaviour is very 
unusual although others [202] have reported greater residual stress relaxation parallel to the 
loading axis. The stress relaxation is not anisotropic but rather the discrepancy arises during 
the data acquisition.  
The observation of a double peak is noted in the surface residual stress measurement of the 
dwell-fatigued test piece. The double peak is a consequence of the relatively thick oxide layer 
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on the surface. The presence of an oxide on the surface of the thermally exposed specimen 
did not produce a double peak because the oxide was relatively thin and the X-rays would 
have penetrated through the oxide to the base material.  
6.3 Discussion 
6.3.1 Residual stress relaxation due to thermal exposure  
The thermal relaxation of this alloy is similar to that of previously reported nickel-based 
superalloys and other alloys[202,217,218]. Stress relaxation is most prolific in the early 
stages because there is rapid annihilation or reorganisation of defects via short-range 
diffusion [217]. Greater stress relaxation occurs in the regions of higher stored energy. Figure 
6-11a and Figure 6-11b show the retained cold-work using plots of the peak width and 
fraction of residual stress retained, respectively, against the as-peened peak width for the 
vacuum heat-treated alloy. These simply show how the highly work-hardened regions exhibit 
a greater reduction of cold-work and residual stress. By treating the diffraction peak width as 
a measure of the amount of cold-work or stored energy, it is easy to show that relaxation 
increases in the presence of increased defect density.   
 
Figure 6-11 Correlation plots of the as-received initial peak width wi with (a) the fraction of the peak width 
retained w/wi and (b) the fraction of the residual stress retained σ/σi following purely thermal exposure at 700 
°C for 48 hours under vacuum. 
6.3.2 Residual stress relaxation and hardening behaviour during dwell-fatigue 
The combined effects of dwell-fatigue cycling and thermal exposure lead to complex residual 
stress relaxation when compared to purely thermal exposure. The dwell-fatigue results in 
greater residual stress relaxation than that by purely thermal exposure. Under dwell-fatigue, 
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the relaxation behaviour is a combination of both inhomogeneous plasticity and thermally 
activated creep mechanisms. Each of these mechanisms will dominate at different stages 
within the loading cycle. Elastic shakedown (the redistribution of the residual stresses 
without significant modification of the stress-strain law of the shot peened alloy[217]) best 
describes the initial relaxation and is often used to describe the relaxation in other examples 
[217,219]. During elastic shakedown, the residual stresses combine with the applied stress to 
cause local plastic yielding. This acts to reduce the local plastic misfit and modify the initial 
residual stress distribution. The maximum tensile stress applied accounted for a significant 
fraction (approx. 85%) of the yield stress at 700 °C for this alloy. Given that tensile residual 
stresses in excess of 200 MPa can exist to balance the compressive stresses [201,202], tensile 
residual stresses of a similar magnitude to those reported elsewhere will exist. Therefore, at 
the misfit boundary, and under the current loading conditions, these tensile residual stresses 
and the applied stress will superimpose to cause local plastic yielding. The surface will 
continue to deform elastically because of the increased surface tensile yield stress [202] 
coupled with the offsetting of the applied stresses by the compressive residual stress. This 
difference in plasticity will initiate the redistribution of the residual stresses and reduce the 
overall misfit between the bulk and shot-peened layers. Inhomogeneous yielding will take 
place within the first few loading cycles, after which thermally controlled mechanisms 
become more dominant. Although this work has not assessed the relaxation within the first 
few cycles, previous studies suggest that this behaviour is limited to the first few cycles 
[219]. 
The residual stress profile observed in this study is characteristic of residual stress relaxation 
by creep loading as investigated elsewhere [210,211]. This is not surprising given that the 
alloy spends the majority of the test at maximum load. The high and sustained stresses, 
combined with the moderately high temperature, allow creep-type mechanisms to occur. 
During creep, there is further rearrangement of crystalline defects, which facilitates the 
reduction in the misfit between the bulk and shot-peened layers. This much slower residual 
stress relaxation continues until the overall residual stress state becomes near-zero or zero. 
Less dominant thermal relaxation mechanisms may also take place in parallel to the creep-
type mechanisms during this stage of the loading.   
The dwell-fatigue behaviour is further characterised by increased work-hardening up to and 
beyond the initial work-hardened region as observed through the increased Vickers hardness 
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and peak width broadening data. Both plastic yielding and creep describe the relaxation 
behaviour at different stages. This implies that hardening behaviour can be attributed to either 
or both cyclic and creep hardening mechanisms. Cyclic hardening is less likely because 
significant yielding only may only occur within the first few cycles. It is more reasonable to 
assume that hardening arises from strain accumulation during the hold periods.  
6.3.3 The effects of dwell-fatigue loading on oxidation 
The thermal exposure environment has no effect on the extent of residual stress relaxation in 
this alloy; however, in the oxidizing environment a thin oxide and recrystallised layer form. 
Dwell-fatigue loading exacerbated both the thickness of the external scale and the 
recrystallised region. Previous investigations have reported that thicker oxide scales results 
from applied loads and attribute the increased oxidation to enhanced inward oxygen diffusion 
[71,74]. However, this work attributes the increased oxidation to scale cracking during 
loading, which exposes the base metal to further oxidation. This explanation would be 
consistent with the previous findings reported by Reger and Remy for IN100 [78] whom also 
attributed increased external scaling to the local fracture events occurring in the scale. Their 
analysis further concluded that this only occurred upon reaching a critical strain, which 
inherently coincided with the failure strain of the oxide scale. Evidence of cracking to the 
oxide scale is shown in the supplementary SEM images of Figure 6-12, which shows regions 
of superficial cracking on the surface of the fatigue specimen in the region of maximum load. 
Note that some of these superficial cracks developed into larger cracks, which penetrated into 
the base alloy and provides the basis of the succeeding chapter. Application of a simple 
fracture mechanics approach can go some was to justifying this reasoning. First, this analysis 
should assume that the scale is adherent to the underlying alloy and, secondly, that the oxide 
scale is very thin in comparison to the bulk alloy. Under the current loading conditions, the 
bulk specimen experiences an elastic strain of 0.46 %. There was no measurement of the 
sample strain during loading; however, the former residual stress relaxation results indicated 
that creep deformation had taken place. Therefore, the total strain in the bulk specimen is 
likely to have exceeded the calculated elastic strain. At this point, it is appropriate to estimate 
the strain at which oxide failure occurs. Assuming that the scale is predominately Cr2O3, then 
the scale will fail according to the following criterion. For an oxide under increasing strain ε, 
failure occurs when the strain energy density per unit area exceeds the fracture surface energy 
γSE of the oxide, or [220]: 
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𝜀 > 2.8𝛾!"ℎ𝐸 !/! (6.3) 
where h is the scale thickness and E is the Young’s modulus of the scale. The estimated 
failure strain εf is between 0.95 – 1.59 % using the values in Table 6-1. The values indicate 
that an additional strain of ~0.5 % is required for cracking to occur in the thickest regions of 
the scale. Only a very small bulk creep strain is required to cause the scale to fracture 
assuming that creep does not occur in the oxide scale itself. In other words, whilst the strain 
in the metal can continue to increase, the stress in the oxide cannot; ultimately leading to 
scale fracture and higher oxidation rates because the scale does not protect the alloy from 
further oxygen attack. 
 
Figure 6-12 SEM micrographs demonstrating oxide cracking on the surface of the fatigue specimen in the centre 
of the specimen. 
Parameter Value Source 
Fracture surface energy, γ (J m-2) 5.8* [220] 
Scale thickness, h (nm) 360 – 640 This work 
Young’s Modulus, E (GPa) 283* [220] 
Table 6-1 Parameters used to calculate the oxide failure strain. (*single crystal data.) 
6.3.4 Assessment of the EBSD tool used for Shot-peening Analysis  
It is evident from this work and others [215,221,222] that it is possible to assess deformed 
materials using EBSD misorientation measurements. The method identified the shot-peened 
layer and subsequent relaxation of the work-hardening effects but with some limitations. 
First, the average GMM decreased on approaching the surface, whereas both the hardness 
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and peak width measurements continued to increase. Second, the bulk GMM did not reach 
zero even in regions of zero strain. This inevitably underestimates the depth of work-
hardening. However, these shortcomings do not limit its use as a technique to analyse work-
hardening in shot-peened alloys.  
The first drawback of the EBSD measurements is associated with the quality of the pattern 
indexing in the highly deformed surface region. The number of non-indexed points is greater 
closer to the surface because of the difficulty of indexing patterns in regions of large 
deformation. If a number of non-indexed points are associated with a particular grain then the 
GMM is not necessarily representative of the deformation in that particular grain. The 
likelihood of these instances occurring results in the exclusion of a significant number of 
grains with a large GMM from the data set in the near surface. The averaged GMM appears 
lower here because highly deformed grains are not included in averaging.  
The second disadvantage is associated with the ability to resolve low or zero angle 
misorientations accurately. The orientations of the individual data points, which make up a 
single grain in the undeformed regions, should be equal. It follows that the GMM of grains 
contained in this region should also be zero; however, all of the specimens examined exhibit 
a non-zero bulk GMM. This is a problem, as the regions with very low deformation are 
indistinguishable from those with no deformation. In other words, a minimum level of 
deformation exists that can be detected using EBSD misorientation data. The presence of 
“orientation noise” [223] is thought to explain this phenomenon. Ideally, if there was no 
influence of orientation noise, then the GMM would reach zero and regions of small 
deformation would become separable. As this is not the case, the onset at which the average 
GMM curve begins to plateau occurs at depths much closer to the surface, explaining the 
underestimated depth of work-hardening. Figure 6-13 illustrates this effect, by superimposing 
the microhardness, peak width and EBSD data for the as-peened and dwell-fatigue cases, 
respectively. The EBSD method underestimates the depth of work-hardening in Figure 6-13a 
due to the effects of orientation noise previously discussed. The superposition of the different 
techniques used to evaluate work-hardening for the heat-treated specimens are not included 
because they produced similar plots to that of Figure 6-13a. In Figure 6-13b the manifestation 
of orientation noise effects is less significant because of the additional hardening to the 
specimen resulting from the fatigue loading. As a result, the curve belonging to the EBSD 
technique now lies between those of the other two techniques. 
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Figure 6-13 Comparison of different methods to assess work-hardening in shot-peened alloys (a) As-peened (b) 
following dwell fatigue 
At this stage, it is useful to establish correlations between the different methods used to 
evaluate the cold work in specimens. Figure 6-14 shows the correlation between the peak 
width data and Vickers hardness data at equivalent depths from the surface (points compared 
for ±5 µm) for each of the specimens analysed. A good correlation exists between the two 
measurements at all depths for each specimen. From one parameter, the other can be 
predicted within 10%, demonstrating that the two techniques are interchangeable. By 
comparing the GMM with either the Vickers hardness or peak width data, it becomes clear 
that such correlations do not exist for the as-peened and heat treated specimens. Correlations 
do not exist because the GMM curves level-off close to the surface, which results in a lack of 
data points that correlate. However, the additional hardening experienced during fatigue 
allows the moving average of the GMM to achieve a depth of 80 µm before reaching the bulk 
GMM (Figure 6-7d).  
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Figure 6-14 Correlation between peak width and Vickers hardness measurements (including linear fits) for all 
specimens. 
The additional depth predicted for the fatigued specimen gives more data points for 
correlation as shown in Figure 6-15. The correlations were fitted using a simple linear fit, 
leading to the following relationships of the form y = mx + c, for the GMM (β) with the 
Vickers hardness (HV), 
𝐻𝑉!.! = 166𝛽 + 382 (6.4) 
and for the peak width (w) measurements,  
𝑤 = 0.63𝛽 + 3.4 (6.5) 
Equations 6.4 and 6.5 are only applicable to the fatigued specimen; however, the value of c in 
both cases is significant. Previous discussions inferred that a minimum level of deformation 
exists for an accurate assessment of the work hardening using the ESBD method. Therefore, 
given that both β and w are measures of the hardening, the values of c are an approximate 
measurement of the minimum level of work-hardening detectable using EBSD. Comparing 
these values in Figure 6-5 and Figure 6-6 suggests that these are good estimates; however, in 
view of the systematic errors associated with each of the methods used to analyse the work-
hardening, neither value should be treated as being absolute 
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.  
Figure 6-15 Correlation plots of the GMM with the (a) peak width and (b) Vickers Hardness measurements for 
the fatigued specimen. 
6.4 Conclusions  
This work assessed the effects of thermal exposure and dwell-fatigue on stress relaxation of a 
shot-peened nickel-based superalloy using various materials characterization techniques. 
FIB-SEI elucidated the microstructural features of the shot-peened surface.  
An EBSD based method for analysing work-hardening effects was presented. In most cases, 
the method identified the depth of work-hardening to half of that measured using other 
methods. Correlations of the GMM with both the Vickers hardness and peak width profiles 
determined the minimum level of deformation detectable by EBSD, in terms of the Vickers 
hardness and the XRD peak width. EBSD analysis will form part of further investigations in 
order to establish protocols that will quantify deformation in shot-peened alloys more 
effectively. Other methods – hardness and peak width analysis – appeared largely in 
agreement with each other. 
Purely thermal exposure significantly reduced both the magnitude of the residual stress and 
work-hardening effects after 48 hours. The depth of either the residual stresses or work-
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hardening effects did not change. Short-range recovery type processes to reduce the overall 
stored energy describe the mechanism of stress relaxation. The extent of stress relaxation is 
proportional to the level of stored energy. The environment appeared to have no significant 
impact on relaxation; however, oxidation and recrystallization occurred under the oxidizing 
environment. Dwell-fatigue below the alloy yield stress caused a dramatic reduction in the 
shot-peening residual stresses and further work-hardening. The results suggest that yielding 
of the bulk material to reduce its misfit with the shot-peened surface region causes significant 
stress relaxation in the initial loading stages. A much steadier creep-type mechanism follows 
the initial relaxation. The plastic deformation of the bulk region further describes the 
observed work-hardening during cycling.  
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Chapter 7 – An Evaluation of Oxygen Transport During the 
Fatigue Cracking of Shot-Peened Fine Grain RR1000. 
With increasing temperatures, the synergistic effects of oxidation and high mechanical 
stresses pose a complex issue and can be responsible for a reduction in the fatigue life of 
components formed from polycrystalline Ni-based superalloys. The effects of oxidizing 
environments on fatigue performance can be two-fold. The first of these concerns crack 
initiation, where increased oxidation rates modify the failure mode from sub-surface to 
surface crack initiation due to premature cracking of the oxide [3]. This, coupled with a 
greater number of initiation sites, reduces the overall fatigue life [3-5]. The second relates to 
increased fatigue crack growth rates (FCGR’s). Examples in literature have shown that 
fatigue tests conducted in oxidizing environments produced FCGR’s up to 104 times higher 
compared to inert environments [10,11]. Most of the literature to date rationalizes the 
accelerated crack growth in terms of a stress-assisted GB oxygen embrittlement mechanism. 
However, the specific role of oxygen currently remains a subject of much debate and 
provides the motivation for this work. Much of the disagreement over the perceived crack-tip 
damage mechanism stems from the inconsistency in the testing and characterization protocols 
adopted in the study the crack tip damage mechanism.  
This chapter builds on the work discussed in Chapter 6, which evaluated the residual 
relaxation and changes to the work hardened SP layer in response to thermal exposure and 
mechanical loadings. The previous chapter essentially provided a base-line interpretation of 
the mechanical behaviour for SP FGRR1000 for the testing conditions examined. The current 
chapter moves forward to develop an understanding of this alloys behaviour due to 
environmental effects. In particular, this study focuses on the role of oxidation and oxygen 
transport during the initiation and growth of short fatigue cracks. To facilitate this, the 
previously reported fatigue-testing regime now incorporates the two-stage isotopic tracing 
protocols used for classical and constant load oxidation tests in previous chapters. Primary 
analysis used Focused Ion beam Secondary Ion Mass Spectrometry (FIB-SIMS) elemental 
mapping of crack cross-sections (CSS). Complimentary techniques include FIB microscopy, 
SEM-EDS and ToF-SIMS mapping.  
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7.1 Materials and Methods  
7.1.1 Material  
This analysis concerns shot-peened FG RR1000 only. The fatigue specimens used here are 
identical to the specimens described in Chapter 6. Analysis of un-loaded specimens also uses 
the coupon specimens previously described.  
7.1.2 Combined Fatigue Isotopic Oxidation Experiments  
This chapter adopted identical fatigue loading parameters to those described previously in 
Chapter 6 where the relevant testing parameters are listed. Nevertheless, it is necessary to 
describe the isotopic oxidation protocols used here. In order to complete tests under isotopic 
conditions, the environment within the fatigue rig’s environmental cell initially contained a 
flowing gas mixture of Ar at 20 cm3 s-1 and research grade oxygen (99.9995 %), with natural 
isotopic abundance, at 5 cm3 s-1 (i.e. 4:1). In line with previous chapters, this will be referred 
to as 16O2 from here on. These conditions were kept for 45 of the 48 hours of testing. At the 
45 hour point the gas mixture was changed to an Ar and (97 %) 18O2  mix, maintaining the 
same gas flow rates. The sample did not undergo a quenching stage since the testing involves 
flowing gas mixtures and not static pressures. The introduction of the gas into the 
environmental chamber would have been relatively fast as the oxygen bottle was connected 
directly to the mass flow controller, which itself, was located within close proximity of the 
rig.  
7.1.3 Preparation of Crack Cross Sections (CCS’s)  
Preparation of the FIB CSS was completed using the FEI FIB-200TEM workstation. Figure 
7-1 shows an example of a crack formed on the surface of the specimen during fatigue and a 
schematic of the tangential milling technique used to remove the surface oxide. Mounting the 
specimen on a pre-tilt holder of 30° facilitated achieving total specimen tilts of 90°. For a 
crack located on the very top of the specimen, this tilt allowed the milling to be conducted 
tangential to the surface (i.e. 0°). The 5 x 2 µm2 craters milled at each corner of the square 20 
x 20 µm2 surrounding the crack (Figure 7-1a) acted as fiducial markers, which were essential 
for locating the cracks at the high tilt angles. The larger square itself was needed to align the 
crack region for FIB-SIMS mapping. The first milling step used a 20 nA current and removed 
the majority of the surface oxide layer to produce a rough surface. Successive milling with 
currents down to 500 pA for finer polishing removed most of the roughness generated by the 
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first mill. It was difficult to achieve a completely smooth surface because the milling required 
that the beam maintained focus over a large depth of field. Surface roughness measurements 
by white light interferometry determined an average surface roughness RA ~0.4 µm. The final 
stage of CCS preparation involved depositing two strips of Pt (50 x 3 µm2) either side of the 
milled area, which were essential for locating the cracks in the ToF-SIMS instrument. Cross-
sectional preparation of the reference specimen adopted a similar milling procedure but 
instead adopted a milling angle of 7.5°.  
 
Figure 7-1 (a) IISEI showing surface fatigue crack with fiducial markers for tangential milling, (b) schematic of 
milling procedure (assuming crack on top surface) used to remove the surface scale. Note that the stage itself 
was tilted to 60° to achieve a total specimen tilt of 90° when mounted on the pre-tilt holder.  
7.1.4 FIB-SIMS elemental mapping 
FIB-SIMS elemental mapping of the 16O- and 18O- ions using the milled CCS’s described in 
the previous section. By convention, mapping of the 16O- distribution was collected prior to 
the 18O- signal in the same region. Mapping of the 16O- and 18O- used 300 pA and 500-1000 
pA primary ion currents (IP), respectively. The difference in Ip reflects the relative exposure 
times under the 16O2 and 18O2 gases. Mapping consistently used a 256 x 221 raster, whilst the 
actual mapping area varied depending on the size of crack analysed; the actual mapping area 
is stated when necessary.  
7.1.5 ToF-SIMS elemental mapping  
Elemental mapping by Time-of-Flight Secondary Ion Mass Spectrometry (ToF-SIMS) 
utilised the ION-TOF ToF-SIMS 5. Two different primary guns were employed during 
acquisition: a Bi+ beam was used for analysis and the Cs+ beam for dosing of the surface. The 
Cs+ flooding improved the secondary ion counts in the negative mode. Analysis used a 25 
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keV Bi+ LMIS in the burst alignment mode (BAM) with a beam current of 0.5 pA and a 
dwell time of 100 µs per pixel. The Cs+ flooding used a 1 keV Cs-evaporation source with a 
total dwell of 0.1s over an area of 750 x 750 µm2. Switching from the Bi+ analysis gun to the 
Cs+ flooding incurred a delay of 0.5s. An electron source of 2.5 A was also used to maintain 
charge neutrality throughout.  
7.1.6 FIB and SEM microscopy  
FIB imaging was completed in both IISEI and TPII modes using a 50 pA primary ion current. 
SEM BSE imaging and EDS employed a Carl Zeiss Auriga Crossbeam FEG-SEM equipped 
with an Oxford Instruments INCA energy dispersive X-ray spectrometer (EDS). The 
accelerating voltage varied from 5-20 kV depending on the application. 
7.2 Results 
7.2.1 Coupon Specimen 
The IISEI (Figure 7-2a) and TPII (Figure 7-2b) micrographs reveal the characteristic features 
of the oxidation damage and base alloy microstructure. Some features are exclusive to the 
imaging mode used. Figure 7-2a shows the typical external oxide scale, a sub-surface 
recrystallised region and the deformed grains of the bulk alloy. The complementary TPII 
(Figure 7-2b) image indicates internal oxidation at the grain boundaries of the recrystallised 
microstructure, γ’-depletion grains in the recrystallised region, and primary and secondary γ’ 
precipitates of the bulk of the alloy. FIB-SIMS mapping conducted on these regions was only 
successful for analysis of the 16O- at high primary ion currents. The high currents, in 
combination with the small analysis area, inflicted a high ion dose on the mapped region and 
resulted in significant damage to the oxide cross-section. This damage did not permit 
mapping of the 18O- ions. Attempts to map 18O- in other regions of the oxide scale also proved 
unsuccessful.  
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Figure 7-2 Coupon oxide cross-sections milled at 7.5° to the surface: (a) IISEI and (b) TPII. Note the adjustment 
to the vertical scale to account for the milling angle.   
7.2.2 Dwell-fatigue specimen  
The fatigue testing conditions in the current investigation resulted in the formation of several 
surface cracks at the centre of the specimen (i.e. maximum load). Figure 7-3 provides 
examples of four cracks, of varying length, as observed in the IISEI mode. Taking the 
apparent crack length as the distance between the two tips perpendicular to loading direction 
(Figure 7-3b) yields an average crack length of 11.6 ± 4.1 µm as calculated for seven cracks. 
In some cases, superficial cracks formed that did not propagate into the base alloy.   
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Figure 7-3 IISEI micrographs illustrating the cracks formed on the alloy surface following fatigue. 
Figure 7-4 shows the underlying microstructure for the crack given in Figure 7-3a after 
milling of the external oxide. Unavoidable FIB induced “curtaining” was observed in both 
micrographs. Removal of the curtaining by low current milling alone proved difficult so 
application of a Fourier-wavelet filter [224] suppressed this feature to some extent. The IISEI 
and TPII images reveal oxidation in the wake of the crack and oxide intrusions ahead of the 
crack tips. It was difficult to distinguish between the IO of the surface and the nodules 
themselves; therefore, no quantification of the intrusion length was made. Adjacent to the 
crack oxides was a region of recrystallised grains interconnected by a network of grain 
boundary internal oxides. Again, without further quantification, the recrystallised grains have 
a refined grain size compared to the average grain size of the base alloy and are a randomly 
orientated. The majority of the recrystallised arises from the sub-surface region where the 
FIB milling did not completely remove the surface layers; however, there was evidence of 
recrystallised attributable to the crack itself. Figure 7-4b also shows the dissolution of 
secondary and tertiary γ’-particles. In some regions, as indicated, primary-γ’ particles exist, 
surrounded by internal oxides and re-crystallised grains. The circled region to the bottom left 
of the crack identifies an un-cracked oxide intrusion.  
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Figure 7-4 Example of the underlying crack and surrounding microstructure following tangential milling: (a) 
IISEI and (b) TPII.  
Subsequent FIB-SIMS elemental mapping provided the 16O- and 18O- distributions around the 
crack (Figure 7-5). These effectively reveal the 16O-rich (Figure 7-5a) and 18O-rich (Figure 
7-5b) oxide spatial distributions.  
 
Figure 7-5 FIB-SIMS elemental maps of oxygen distributions around a fatigue crack prepared by tangential 
milling: (a) 16O- and (b) 18O-.  
Both the 16O- and 18O- maps reinforce the oxide features originally identified in Figure 7-4. 
Considering the 16O- distribution first, Figure 7-5a shows that 16O-rich oxides make-up the 
majority of the surface internal oxide contribution to the right of the crack. In support of this, 
Figure 7-5b shows little 18O- enrichment in the same region. Figure 7-5a further confirms that 
the majority of the oxide in the wake of the crack comprises of 16O-rich oxide. The equivalent 
region in Figure 7-5b exhibits only a feint 18O- image, pertaining to a small amount of 18O 
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enrichment in the same region. Equally, the un-cracked oxide intrusion identified in Figure 
7-4 also consists of a 16O-rich oxide; however, a fine 18O- signal lines the periphery of this 
feature. The former suggests that oxide growth in the wake of the crack and the un-cracked 
intrusion occurred during the 16O2 stage of the fatigue test. Perhaps the most significant 
feature in Figure 7-5b, is the enhanced 18O- signal in the grain boundaries ahead of crack tip. 
Additionally, the preferred direction of the 18O-rich oxide growth is along grain boundaries 
with an orientation 45° to the crack normal. This implies that the oxide growth occurred 
along grain boundaries orientated in the direction of the maximum resolved shear stress. 
These findings support the idea of stress assisted oxygen transport along grain boundaries 
during crack growth.   
To investigate this crack region further, a second mill was conducted to remove the damage 
from the first mapping. This exposed a fresh surface for further imaging and FIB-SIMS 
mapping of the crack deeper into the specimen. Figure 7-6a and Figure 7-6b show the crack 
in the IISEI and TPII modes, respectively. FIB induced curtaining again prevailed and the 
Fourier-wavelet filter was also applied here. The extent of the curtaining here was greater 
than after the first mill and, consequently, the filter was less effective, particularly in Figure 
7-6a. The outline of the crack and oxidation affected grain boundaries, as observed in Figure 
7-6b has been superimposed onto Figure 7-6a for ease of comparison.  
The CCS now exhibits no further contribution from the near-surface EO, IO or re-
crystallisation; however, Figure 7-6b does suggest γ’-depletion near the crack oxides. The 
clearer direction of the oxide intrusion growth demonstrates preferred growth along the grain 
boundaries orientated at approximately 45° to the loading direction. Measurement of the 
oxide intrusions marked A, B and C in Figure 7-6b, yields apparent lengths of 6.391 µm, 
4.897 µm and 6.955 µm, respectively. Further inspection of Figure 7-6b reveals grain 
boundary primary-γ’ precipitates affecting the growth of the oxide intrusions along the grain 
boundaries. For example, the regions labelled A, B and C in Figure 7-6, display preferential 
oxide intrusion growth at the grain boundaries ahead of the crack but not at region D. In this 
region there is a large primary-γ’ particle in the immediate vicinity of the grain boundary 
ahead of the crack. This implies that intrusion growth requires a grain boundary free of these 
precipitates. In support of this proposition, the growth of the intrusions in the regions A-C 
appears to cease when they encounter a primary-γ’.  
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Figure 7-6 Underlying crack and surrounding microstructure following the second stage tangential milling: (a) 
IISEI and (b) TPII. 
Figure 7-7a and Figure 7-7b shows the 16O- and the 18O- distributions, respectively, obtained 
by FIB-SIMS mapping. In Figure 7-7a, vertical streaks run across the map. These so called 
“FIB-artefacts” arise from the curtaining in the mapping area. The maps in Figure 7-7 each 
share similar attributes to those obtained after the first mill. A predominantly 16O-rich oxide 
covers the face of the crack wake; whereas, the intrusions ahead of the crack tip comprise 
mainly of 18O-rich oxides. This confirms that 18O from the second stage of the fatigue test 
continues to contribute to the oxide intrusion growth in GB’s ahead of the crack deeper into 
the sample. Inspection of the region associated with the un-cracked intrusion (circled in both 
maps) reveals that the intrusion consists of both 16O and 18O-rich oxides. This indicates 
oxygen diffusion through the intrusion or along the alloy/intrusion interface. 
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Figure 7-7 FIB-SIMS elemental maps of oxygen distributions around a fatigue crack after second milling step: 
(a) 16O- and (b) 18O-.  
Figure 7-8 shows the results of applying the isotopic enrichment equations (Chapter 3,  
Equation 3.3 and 3.4) on a point-wise basis to the elemental maps in Figure 7-5 and Figure 
7-7. The “jet” colouring used here identifies regions of relative 18O-enrichment, in the order 
black-blue-yellow-red, with red indicating the highest enrichment. The maps suffer from a 
substantial, and undesirable, noise contribution, which affects the visual aspects of these 
maps. This noise arises partly from the secondary ion collection itself, but also from the 
surface topography of the FIB milled surface. Nevertheless, both maps readily describe the 
enrichment of the 18O- in the regions ahead of the crack tips, specifically, along the grain 
boundaries experiencing maximum shear.  
Normalised 18O- isotopic fraction profiles, i.e. C(xct), where xct is the distance form the crack 
tip, were constructed for specific regions on the IF maps using the integrated line-scan (ILS) 
method in Matlab. The error bars shown in the enrichment profiles represent the standard 
error of the isotopic enrichment (i.e. Equation 3.3). Computation of Equation 7.1 applied 
standard error propagation to Equation 3.3 assuming that the estimated uncertainty for the [ 𝑂!" ! ] and [ 𝑂!" !   ] is given by δ[16O-] = √[16O-] and δ[18O-] = √[18O-]. This yields the 
uncertainty δC:   
𝛿𝐶 = 𝑂!" ! ! 𝑂!" ! + 𝑂!" ! ! 𝑂!" ! !!𝑂!" ! + 𝑂!" ! !  (7.1) 
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Figure 7-9 shows the IF profiles taken from the two crack-tip regions, as indicated by the 
white arrows (A & B) in Figure 7-8. Note that, the start of the oxide nodule delimits the crack 
tip. At this point, a sharp drop in the isotopic enrichment to zero occurred, allowed for 
identification of this region. Figure 7-9a is for the direction perpendicular to the loading 
direction (A), whilst Figure 7-9b is for the direction at 45° to loading direction (B). The 
profiles exhibit three distinct regions, which have been specified for both directions. C(xct) = 
1.0 implies that an entirely 18O-rich oxide exists, whereas C(xct) = 0 indicates no 18O-
enrichment. In this particular example, regions where C(xct) approaches 1.0, represent new 
oxide growth during the later stages of the fatigue test. Both profiles exhibit values close to 
1.0 within approximately the first 1.5 µm of the profiles. For Figure 7-9a, C(xct) falls to ~0.5 
within the next 1 µm; whereas, for Figure 7-9b, the value of C(xct) reduces to ~0.1 but over a 
much shorter length scale (~0.7 µm). In both cases, this decay could well represent oxygen 
diffusion ahead of the intrusion into the alloy. C(xct) does not fall to fall to zero in either of 
the profiles, particularly for Figure 7-9a. This unexpectedly high 18O-enrichement in the bulk 
is most likely a manifestation of the noise previously described in Figure 7-8.  
 
Figure 7-8 18O- Isotopic fraction maps illustrating the 18O- distribution relative to that of the 16O- : (a) IF map 
after initial milling and, (b) IF map after second milling.  
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Figure 7-9 Example 18O--enrichment profiles obtained using integrated line-scans from the second mill. 
7.2.3 Evaluation of Oxide Chemistry by ToF-SIMS and SEM-EDS 
To fully understand the environmental crack growth propagation, it is instructive to 
determine the nature of the oxide species in the wake of, and ahead of, the growing cracks. 
For this part of the analysis, a new CCS was prepared using another crack located on the 
same specimen. Evaluation of the oxide chemical species of the crack utilised ToF-SIMS and 
SEM-EDS mapping.  
Figure 7-10 shows ToF-SIMS maps for the 16O- and 18O- ions, the 18O- isotopic fraction as 
well as a number of different metal-oxide ionic species, which include NiO-, CrO2-, AlO-, 
TiO2-, CoO- and MoO2-. The “jet” colouring again describes the relative signal intensities. 
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The original data acquisition used a 512 x 512 pixel scan area; however, some maps 
exhibited poor intensities. Subsequent binning of the maps down to 128 x 128 pixels 
increased the number of counts per pixel. This reduced the resolution of the maps, which 
impeded evaluation of the important features relative to the crack. Therefore, Figure 7-10 
also provides the corresponding FIB IISEI (a) and TPII (b) images for reference. Figure 
7-10c shows the result inverting the TPII grey-scale and thresholding the micrograph so that 
the crack now appears white with the surrounding microstructure shown in black. This acts as 
an excellent background image for overlaying of the ToF-SIMS maps. The overlay maps are 
given below the original ToF-SIMS maps for direct comparison (i.e. Figure 7-10 g-i, m-o and 
t-u).  
The oxygen isotopes exhibited a similar distribution in the wake and ahead of the crack, 
albeit with poorer resolution, to that observed in the previous FIB-SIMS maps. The main 16O- 
signal arises in the wake of the crack with some at the crack tips, whilst the 18O- signal lies 
predominantly ahead at the crack tips. The relative distribution shown in the 18O- isotopic 
fraction map confirms this. Further evidence circled in Figure 7-10d suggests crack growth 
along a grain boundary where a separate oxide intrusion has already formed. The distribution 
of both 16O- and 18O- in the bottom of these figures owes itself to a near-surface oxide 
contribution.  
The maps imply oxide formation pertaining to various metallic species, which include Al, Cr, 
Co, Mo, Ni and Ti. This is consistent with previous investigations [130] that reported layered 
and multi-component oxide intrusion formation. Figure 7-10k clearly shows that Cr-type 
oxides make-up a majority of the oxide found in the crack region. The CrO2- signal, most 
likely owing to Cr2O3 oxide [59], resides in both the wake and tip regions of the crack shown. 
The separate grain boundary intrusion also portrays predominately Cr-enrichment. The AlO- 
map (Figure 7-10 l & o), attributed here to Al2O3 [59], displays an elevated and concentrated 
signal in the crack-tip regions. There is some evidence of the Al2O3 not being completely 
restricted to the crack tip as indicated by the less intense AlO- signal situated along the wake 
of the crack. The enhanced AlO- signal due to the un-dissolved γ’ highlights an additional 
feature. Although the γ’ particles themselves should contain little or no oxygen, the high Al 
content in these particles and the residual oxygen content on the surface would contribute to 
this enhancement. The bottom right-hand region of the map exhibits a similar enhancement. 
The TPII reveals that the area largely consists of IO precipitates, which would then contribute 
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to the enhanced signal. Figure 7-10p-r indicates additional oxides, in the wake of the crack 
and crack tips, of Ti, Co and Mo. The relative intensities of these species are low and their 
related oxides probably exist in small quantities. The signals for TiO2- and CoO- appear to 
cover most of the crack, whereas the MoO2- is mostly confined to crack-tip regions. The 
specific stoichiometry of these oxides is unknown; although, the most likely oxides will be 
TiO2, CoO and MoO3 [5,59,225]. An additional TiO2- signal (circled) manifests in the GB 
region ahead of the crack and is equivalent to that previously described for the Cr-rich oxide 
intrusion. A surprising outcome here, in contrast to other studies [128,130], is the apparent 
lack of Ni-type oxides in the crack region. Only a very feint NiO- signal is observed in the 
crack tip region.  
Comparison of the former maps to the corresponding EDS maps (Figure 7-11), demonstrates 
that the latter does not detect all the species identified through ToF-SIMS. However, the EDS 
maps do reveal some additional features. Figure 7-11 shows a well-defined Cr distribution on 
all faces of the crack as well as in the intrusion ahead of the crack. The mapping also 
elucidates the Cr depletion around the crack as result of the chromia formation. A slight 
enhancement of the Al signal around the crack is observed; however, the low signal 
intensities do not provide the same conclusive evidence as in Figure 7-10l (i.e. Al 
concentrated at the crack tips). The Ti map (Figure 7-11g) appears consistent with the TiO2- 
map (Figure 7-10p) and again shows enrichment around most of the visible edge of the crack. 
The Co (Figure 7-11c) and Mo (Figure 7-11e) maps exhibit no oxide enrichment of the 
elements around crack and in the intrusions ahead of the crack-tip. Figure 7-11f indicates that 
the largest contribution to the Ni signal originates from the bulk alloy around the crack. The 
signal intensity does not fall-off completely at the crack-tips, in support of the model of Ni-
type oxide formation. However, this may simply be a manifestation of the large information 
volume associated with SEM-EDS (~1 µm). During the ToF-SIMS, analysis the ion dose was 
kept below that of the static limit so that the signal is restricted to the surface and no bulk 
information volume artefacts manifest. A Ni-based oxide probably exists, albeit in a very 
small quantity.   
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Figure 7-10 Tof-SIMS elemental mapping of various negative species along with the corresponding IISEI and 
TPII images, identifying other interesting features where necessary. For comparative purposes, also given are 
the ToF-SIMS maps overlaying the inverted grey-scale TPII. (a) IISEI, (b) TPII, (c) TPII (inv. grey-scale), (d) 
16O-, (e) 18O-, (f) 18O- IF, (g) 16O- O/L, (h) 18O- O/L, (i) 18O- IF O/L, (j) NiO-, (k) CrO2-, (l) AlO-, (m) NiO- O/L, 
(n) CrO2- O/L, (o) AlO- O/L, (p) TiO-, (q) CoO-, (r) MoO2-, (s) TiO- O/L, (t) CoO- O/L, (u) MoO2- O/L. 
 
Figure 7-11 SEM-EDS maps of the same crack used in the previous Tof-SIMS analysis (Figure 7-10): (a) O Kα1, 
(b) Al Kα1, (c) Co Kα1, (d) Cr Kα1, (e) Mo Kα1, (f) Ni Kα1, (g) Ti Kα1 and, (h) SE image.  
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The ILS method (line width = 10 px) has been applied to the maps in Figure 7-11 in an 
attempt to rationalise the oxide layering sequence in the crack wake (Figure 7-12) and for the 
oxide intrusion ahead (Figure 7-13). The line-scans have been normalised to the maximum 
counts in each case, with the oxygen line scan included in all figures to act as a point of 
reference for the oxide.  
Each of the curves in Figure 7-12 has an “M” shaped appearance with the trough representing 
the centre of the crack and the peaks either side outlining the oxide regions that line the 
periphery of the crack. As expected, Figure 7-12a shows how the Cr maxima follow the same 
path as the O peaks (approximately 2 µm and 3.5 µm). The Cr peaks reach the maximum 
value in these regions, indicative of Cr-enrichment for Cr2O3 formation. The maxima of the 
Al curve sits at ~1.8 µm and ~4 µm, implying that the Al2O3 is situated beneath the Cr2O3. 
Note that the Al values weaken either side of the maxima due to Al depletion due to the 
formation of the Al2O3 in the crack region. The Co curve reaches its maximum value beyond 
the limits of the O profile but it does exhibit two low intensity peaks (I/IMAX ≈ 0.6) at ~2 µm 
and ~3 µm. In Figure 7-12, only the Ti shows enrichment relative to the O curve at ~2 µm 
and ~3 µm. The peak at ~3 µm (I/IMAX ≈ 0.6) does not fall (i.e. x > 3 µm) but, rather, it 
increases to ~0.7 around ~4 µm. Neither the Mo nor Ni curves reveal enrichment of these 
elements, which implies that these elements do not constitute the oxides in the delineated 
region.  
Figure 7-13 shows the equivalent line scans, acquired across the intrusions that lie ahead of 
the crack tip. The O curve now exhibits a maximum between 2-3 µm and represents the oxide 
intrusion. The Cr curve exhibits one central peak with a maximum value equivalent to that of 
the O peak, again demonstrating the intrusion consists mostly of Cr2O3. The Al curve has two 
distinct peaks at ~2.5 µm and ~3.5 µm, indicating that discrete Al2O3 layers form in between 
the bulk alloy and the central chromia intrusion. The Al curve at 1.5 ≤ x ≤ 2.5 µm signifies Al 
depletion in the recrystallised region around the intrusion (i.e. Figure 7-10a), which itself 
arises from Al transport due to alumina formation. The Co line-scan provides no indication of 
Co-enrichment in the intrusion. Likewise, the Ni and Mo line-scans (Figure 7-13b) suggest 
that the intrusion do not form from oxides of this type. The Ti profile portrays a single flat 
maximum in the region of the bulk intrusion, attributable to TiO2 formation between the 
chromia/ bulk alloy and perhaps the centre of the intrusion.  
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Figure 7-12 EDS lines-scans obtained from the crack wake (a) O-Al-Co-Cr and (b) O-Mo-Ni-Ti and, (c) O Kα1 
EDS map delineating the width and direction of the line scan. 
 
Figure 7-13 EDS lines-scans obtained from intrusion ahead of crack (a) O-Al-Co-Cr, (b) O-Mo-Ni-Ti and, (c) O 
Kα1 EDS map delineating the width and direction of the line scan.  
7.3 Discussion 
7.3.1 Overview 
The purpose of this investigation was to investigate the role of oxygen during 
environmentally assisted fatigue of the Ni-based alloy RR1000 in the shot-peened condition. 
The current loading conditions adopted here resulted in both the initiation and growth of 
relatively short cracks. Subsequent characterisation of the cracks using FIB prepared surface 
followed by various materials characterisation techniques has provided an insight into the 
cracking behaviour in terms of the oxygen diffusion and the oxide chemistry in the vicinity of 
the crack. In agreement with previous studies[128-130], the results here indicate that the 
formation of an oxide intrusion along a grain boundary ahead of the crack-tip takes part in the 
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crack growth. The embrittlement process must then involve some sort of stress-assisted grain 
boundary oxidation followed by oxide rupture to promote rapid inter-granular cracking.  
7.3.2 Oxide Chemistry in the cracked region  
The ToF-SIMS and SEM-EDS analysis revealed a number of different oxides within the 
cracked region. Given that these techniques did not yield any quantitative or stoichiometric 
information, the nature of the oxides formed was inferred from previous crack-tip intrusion 
studies [128,153] and classical oxidation studies [5,59] for the same and similar alloys. The 
proficiency of the ToF-SIMS analysis to identify trace oxide contributions, owing to its 
excellent sensitivity, proved pivotal in this analysis. Unlike EDS, the ToF-SIMS count data 
depends on both the concentration and the sputter yield of a particular species. Therefore, the 
count data generated gives no indication of a species concentration. EDS did not identify 
some of the oxide forming elements, which would imply that they exist in concentrations 
below the sensitivity of the technique.  
The previous analysis by Kitaguchi [128] for the same alloy showed that the intrusions ahead 
of cracks consisted of various oxides arranged in a layered structure. The line-scans 
computed from the EDS maps here (Figure 7-12 and Figure 7-13) gave some indication of 
the intrusion structure ahead of the crack tip as well as that of the oxide around the main 
crack but it was not entirely conclusive. Furthermore, the analysis only revealed the oxide 
layering for the elements detectable by EDS (i.e. Al, Cr, Co and Ti). The intrusions observed 
here comprise mostly of Cr2O3 but for the other oxides present in smaller quantities it is still 
necessary to predict the layering in this work. This is particularly true for the oxides such as 
CoO, MoO3 and NiO, all of which were identified by ToF-SIMS mapping but not SEM-EDS.  
The previous description of the oxide ordering [20] in this alloy used a thermodynamic 
analysis to separate and order the different oxide layers to their oxygen dissociation partial 
pressure 𝑝!!∗ . This analysis adopts the same approach so that the stabilities for the generic 
oxidation reaction below:  
2𝑥𝑦 𝑀 + 𝑂!⟹ 2𝑦𝑀!𝑂! (7.2) 
Are calculated according to the following:  
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𝑝!!∗ = 𝑎!"!𝑎!! exp  (∆𝐺°𝑅𝑇 ) (7.3) 
where, 𝑎!"! and 𝑎!!  are the activities of the oxide and metal species, respectively, u is related 
to the stoichiometry of the reaction by 𝑢 = !!!  , ∆𝐺° is the standard free energy of formation 
per mole O2, R is the molar gas constant and T is the temperature of the reaction. The 
previous analysis [128] assumed that the activity of the elements matched that of the 
concentration of each species in the alloy. To improve on this assumption, this analysis used 
JMatPro to compute the various metal activities. Note that, these will still not be entirely 
accurate, as the JMatPro predictions still exclude the oxide scale formation. Table 7-1 shows 
the thermodynamic properties for the various oxides assumed here, and compares them to the 
equivalent values based on the atomic fraction. Evidently, discrepancies exist between the 
two methods to predict the activities; some cases demonstrate a difference of five orders of 
magnitude. This significantly affects the calculated 𝑝!!∗  values for Al and Ti, which are now 
five to six orders of magnitude higher. Therefore, this analysis predicts a reduced oxygen 
potential gradient through, or across, the oxide intrusion in comparison to that previously 
determined [128]. The trends in partial pressure do remain consistent for the most stable of 
the oxides; however, the relative stabilities of NiO and CoO reverse so now 𝑝!!∗,!"# > 𝑝!!∗,!"#. 
Based on Table 7-1 and starting with the outer most oxide, the layering of the oxides in the 
intrusion should assume the following structure: NiO→CoO→MoO3→Cr2O3→TiO2→Al2O3.  
Oxide  
Standard Free 
energy, ΔG° at 
973 K (kJ mol-1 
O2) 
Activity, a at 973 
K using JMatPro 
Activity, a using 
alloy 
concentration 
(at. %) 
𝒑𝑶𝟐∗  at 973 K  
TiO2 -764.09 1.37 x 10-6 0.043 6.94 x 10-36 
Cr2O3 -588.98 0.710 0.165 3.78 x 10-32 
Al2O3 -913.72 1.21 x 10-7 0.064 3.61 x 10-45 
MoO3 -341.30 0.406 0.052 8.66 x 10-19 
CoO -336.16 0.247 0.179 1.55 x 10-17 
NiO -321.3 0.246 0.509 9.74 x 10-16 
Table 7-1 Thermodynamic properties pertaining to the oxides assumed in this study. 
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The oxide sequencing will not strictly follow this ordering for various reasons that are now 
discussed. The first of these relates to the high Ti solubility in Cr2O3 [2]. Coupled with the 
superior stability of TiO2 over Cr2O3, this property allows Ti to form oxides above and below 
an established chromia layer. This would explain the relatively similar positioning of the Ti 
and Cr oxide peaks in Figure 7-13a and the broad central peak observed in Figure 7-13b. This 
is consistent with classical oxidation studies on these alloys [5,56,59,226], which have 
identified inner and outer rutile formation in the presence of chromia. A further observation 
from the ToF-SIMS analysis showed that the Mo and Ni oxides were confined to the crack-
tip region. So far as is known, no explanation for this behaviour exists.  
The minor oxides identified may not actually exist as exclusive phases so the formation of 
oxide solid solutions, mixed oxides or intermediate oxides should also be considered. Using 
(CoxNi1-x)O as an example of an oxide solid solution, without further calculation, formation 
of solid solutions of this type would require only a small driving force given the equivalent 
valences and crystal structures of CoO and NiO. In fact, examination of the NiO-CoO phase 
diagram [227] shows that these two oxides do form a complete solid solution at 973 K for 
CoO fractions < 0.5 or > 0.7 (i.e. at very high NiO or CoO compositions). Inside these limits, 
the two form a two-phase region. However, aliovalent oxides such as Cr2O3 and MoO3, where 
the valences of the Cr and Mo are 3+ and 6+, respectively, do not readily form complete solid 
solutions. Chromia is the major oxide present so any doping would likely occur on the on 
Cr3+ sub-lattice and requires the formation of Cr vacancies. If the oxide stabilises these 
defects then a solid solution will form. However, examination of the Cr2O3-MoO3 phase 
diagram [228], for large Cr2O3 fractions, indicates that these two oxides do not form a solid 
solution at 973 K and instead form a two-phase mixture of Cr2O3 and the intermediate 
compound Cr2O3.3MoO3. Spinel oxide formation should also be considered as, for example, 
the low amounts of Ni present in crack tips could represent NiCr2O4 formation. Such a 
situation will arise when Ni diffuses from the bulk alloy through the Cr2O3. The reaction at 
the surface would be represented by:                        
2𝑁𝑖 + 2𝐶𝑟!𝑂! + 𝑂! → 2𝑁𝑖𝐶𝑟!𝑂!  
 
(7.4) 
The feasibility of this reaction taking place at the surface depends on an oxygen dissociation 
pressure less than that of NiO formation but greater than Cr2O3. Note that the spinel could 
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also form through a solid-state reaction between NiO and Cr2O3. For the above reaction, and 
again assuming unit oxide activity, the local equilibrium can be represented by: 
𝑝!!∗ = 1𝑎!"! exp   ∆G° 𝑁𝑖𝐶𝑟!𝑂! − ∆G° 𝐶𝑟!𝑂!  (7.5) 
Using ∆G°(NiCr2O4) = 759.3 kJ mol-1 O2 yields a dissociation partial pressure 𝑝!!∗  = 8.25 x 
10-18 for the reaction described in Equation 7.7. Comparison of this  𝑝!!∗ value to Table 7-1 
confirms that this value sits between the values of NiO and Cr2O3. This demonstrates the 
feasibility of the reaction, at least thermodynamically; however, if the Cr2O3 blocks the Ni 
diffusion, its activity will not be relevant to formation of the spinel.   
7.3.3 Aspects of the intrusion formation and growth 
The first observation considered regards the preferential intrusion formation along the grain 
boundaries orientated at 45° to the loading direction. In other words, the intrusions grow 
along the grain boundaries experiencing the highest stress. Additionally, Figure 7-6 illustrates 
the intrusions termination at a primary-γ’ situated on the boundary. This would partly explain 
the variation in the lengths of the intrusions identified. The reasoning behind this behaviour 
probably relates to the primary-γ’ having the ability to deviate and extend the path along 
which the intrusion grows. If the crack grows through rupture of these intrusions, then the 
grain boundary primary-γ’ would improve the alloys resistance to fatigue growth through 
crack deflection. This essentially increases the crack length so that the effective stress 
intensity is reduced. This behaviour is analogous with alloys containing serrated grain 
boundary microstructures [153,155]. Furthermore, previous findings [161] indicate that 
primary-γ’ provide a method of crack growth resistance during room temperature fatigue. 
The less obvious effects of grain boundary γ’-precipitates regards their chemistry. Out of the 
oxides identified in Figure 7-10 and Figure 7-11, the thermodynamic stability calculations 
indicated that TiO2 or Al2O3 should be present ahead of the intrusion-tip. Additional 
calculations of the γ and γ’ phase compositions using JMatPro showed, as expected, that the 
γ’-phase contains considerably higher concentrations of Al (12.4 at. % compared to 1.2 at. %) 
and Ti (9.2 at. % compared to 0.1 at. %). Given that the partial pressure of oxygen ahead of 
the growing intrusion-tip is expected to remain below that for Cr2O3 growth, the primary-γ’ 
will act as a continuous source of solute for Al2O3 and TiO2 oxide formation. The continuous 
uptake of oxygen, and favoured stability of the oxides, impedes additional intrusion growth 
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along the grain boundary, unless the concentrations of these elements fall below some critical 
value. For Al this is expected to be extremely small at around 10-10 at.% for Al2O3 [187]. As 
the primary-γ’ particles become depleted in these elements, they will inevitably become 
unstable and dissolve, allowing the intrusion growth to continue unimpeded. However this 
requires that, the dissolution takes place before the intrusion ruptures.  
7.3.4 Estimation of the Stress at the Intrusion using the SAGBO model 
Estimation of the intrusion stress here utilises the recently documented SAGBO model[131]. 
Evans et al’s analysis used the intrusion lengths reported in reference [128] and compared 
them to the expected external oxide thickness for free surface oxidation. Of particular interest 
here are the findings in which a ~3 µm chromia-rich grain boundary intrusion formed after 
five hours at 923 K and 0.9KTH. Using kinetic constants for Cr2O3 growth on Ni-20Cr alloys, 
the authors predicted an enhancement factor (Sr) of 17.6 compared to the unstressed 
oxidation. The SAGBO model predicted normal stress at the crack tip of the order of 2-3 GPa 
using the knowledge of this enhancement. In order to complete such an analysis for this 
investigation, it is first necessary to define the expected oxide growth during the un-stressed 
oxidation of this alloy. Measurements taken from the coupon specimen micrographs (Figure 
7-2) indicate that a total scale thickness (i.e. EO + IO) of 0.32 µm forms. The intrusion 
lengths measured at A-C in Figure 7-7 are compared here using the former information. The 
nature of the testing does not indicate the time elapsed before commencement of the grain 
boundary intrusions growth. This time will probably correlate with the initiation of the crack, 
at which point the grain boundaries in the immediate vicinity of the crack tip will become 
exposed to the environment. It is more appropriate to calculate the enhancement ratio as a 
function of time or Sr(t). Assuming parabolic kinetics yields an instantaneous parabolic rate 
constant of Kp = 6.02 x 10-15 cm2s-1. Using the value to calculate the unstressed scale 
thickness as a function of the exposure time leads to Sr(t). Figure 7-14a shows the variation in 
Sr for each of the intrusions identified up to 48 hours. The curves indicate that the 
enhancement decreases rapidly from very high levels over the first 10 hours (i.e. Sr(t ≤ 10) > 
100) before plateauing to lower values similar to those previously reported [131]. The 
achievement of lower values after longer periods implies that the growth of these intrusions 
most likely occurs within the later stages of the fatigue test. It is now possible to estimate the 
equivalent normal stress at the intrusion-tip as a function of time over using the previous 
estimation of Sr(t) using the following relationship:  
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𝜎!" 𝑡 = 𝑘𝑇 ln 𝑆! 𝑡ΩΔ𝑉  (7.6) 
Here 𝜎!" 𝑡  is the time-dependent normal stress acting at the intrusion-tip, k is the Boltzmann 
constant, T is the temperature, Ω is the volume of the element undergoing oxidation and Δ𝑉 
is the volume change due to the formation of the oxide. This equation is a modified version 
of the SAGBO equation originally presented [131]. The original formulation previously used 
Pilling-Bedworth Ratios (PBR’s) and not Δ𝑉. The value of Δ𝑉 is itself related to the molar 
volume of the alloy inclusive of an oxide 𝑉! and the molar volume of the alloy without the 
oxide present 𝑉!""#$ by Δ𝑉 = 𝑉!/𝑉!""#$. Both the ToF-SIMS and the SEM-EDS analysis 
provided evidence for predominantly Cr2O3 intrusions. For simplicity, this analysis then only 
accounts for chromia growth. This assumption leads to following mixing law, which 
appropriately describes the volume increase due to the oxidation by:  
𝑉! =   𝑉!""#$ 1− 𝑁!"! + 𝑁!"! 𝑉!"!!! (7.7) 
Where  𝑁!"!  is the concentration of Cr in the alloy equal to 16.5 at.% and 𝑉!"!!! is the molar 
volume of Cr2O3, which itself is 29.2 cm3. As calculated using the JMatPro software, 𝑉!""#$ = 
7.187 cm3 for RR1000. Applying these values yields an overall volume increase of Δ𝑉 = 
1.505. Figure 7-14b shows the variation of 𝜎!" as a function of time based on the Sr(t) for 
each of the intrusions and the predicted Δ𝑉. The value of 𝜎!" also falls rapidly but less 
dramatically, due to logarithmic nature of Equation 7.4, to stresses of 2-2.5 GPa after 48 
hours. These intrusion-tip stress values seem consistent with the previous estimations for this 
alloy when tested at a slightly lower temperature and under different loading conditions 
[131].  
According to Evans et al [131], these intrusion-tip stresses drive the accelerated growth of the 
intrusion along the grain boundary. Although they may at first may seem very high, these 
may not be unreasonable, since creep is limited and the yield stress is ~ 1 GPa in these alloys 
[131]. Furthermore, the actual stress could be very localised and may well diminish rapidly 
away from the intrusion tip. Evidently, the creep development in this alloy has little influence 
on reducing these stresses and the stresses remain above the yield stress of the material. In 
fact, it is the high strength and creep resistant nature of these alloys that permits such large 
stresses to be sustained in the vicinity of the grain boundary ahead of the crack tip.  
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Figure 7-14 (a) Variation of the GB oxide intrusion enhancement ratio for the three intrusions, A, B and C as a 
function of time up to 48 hours, (b) Variation of normal stress at the intrusion tip. 
7.3.5 Crack initiation and short-crack growth mechanism  
Previous studies focused on hold-time effects for pre-grown cracks; whereas, the choice of 
specimen and sample here were chosen for initiation and crack growth studies. With the 
results presented within, the following describes a mechanism to explain initiation and crack 
growth of this alloy under the current loading conditions. Before proposing any mechanism, 
it is instructive to first consider the different factors that will affect the crack initiation. The 
first point to consider is the shot-peened surface. The previous chapter reported that shot-
peening of the surface induces compressive stresses as well as a plastically deformed and 
work-hardened surface layer to depths >100µm. Additionally, shot-peening increased the 
surface roughness of the alloy. If the compressive residual stresses remained present during 
loading then the additional damage to the surface should have no influence on the crack 
initiation. Crack initiation probably takes place some distance inward from the surface; 
controlled by the local peak tensile stress and microstructural condition [108]. Results from 
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the previous chapter also indicated how the shot-peening induced residual stresses that 
underwent considerable stress relaxation under the dwell-fatigue conditions. The loading 
effectively nullified the residual stress and the beneficial properties of shot-peening were no 
longer realised (i.e. σRS = 0). Bache et al [108] reported for the same alloy, albeit using 
different specimen geometries and fatigue conditions, a fatigue life debit for a 200 MPa 
reduction in the peak compressive stress prior to loading. This reduction coincided with an 
increased number of fatigue crack initiation sites. The number of initiation sites increased due 
the alloy possessing a heavily deformed surface whilst also having stress-raising features 
without the beneficial shot-peening induced residual stresses. The residual stresses relaxation 
resulted from the preliminary thermal exposure, which reduced the maximum compressive 
stresses by ~200 MPa. The cracks initiated experienced a greater mean stress to drive their 
growth in the absence of the compressive stresses.  
The sample here experienced an even greater residual stress relaxation, except that all the 
relaxation took place parallel to the loading and not before. Like the former, the surface 
condition (i.e. surface roughness) now plays a significant role in the crack initiation of this 
alloy. The effects of surface roughness can manifest themselves here in two ways. Rougher 
surfaces result in higher oxidation rates [50] and for this alloy shot-peening increased the 
parabolic rate constant, based on TGA measurements, by nearly an order of magnitude 
compared to polished specimens. This is particularly problematic as higher rates of oxidation, 
and hence thicker external scales, possess a lower critical failure [69]. Second, regions on the 
roughened surface can act as local stress concentrators. The presence of stress concentrating 
features and the increased oxidation rates will promote external oxide cracking in this alloy. 
A further finding from the previous chapter highlighted the apparent oxide scale thickening 
under this loading. This was described by local fracture events occurring in the scale. 
Assuming the oxide shows no loss of adherence, and then the creep deformation of the bulk 
specimen probably controls the scale deformation.  
With this information and the oxygen transport processes derived from the FIB-SIMS 16O-
/18O- mapping it is now possible to postulate a mechanism for crack initiation in this alloy. 
The relaxation of the SP-induced compressive residual stresses and the damaged surface 
condition of the alloy promote crack initiation at the surface. The surface condition 
exacerbates oxidation; however, as the oxide grows, the failure strain decreases. The creep 
strain developed in the bulk facilitates oxidation further by promoting localised cracking in 
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the oxide. Upon the oxide cracking, oxygen attacks the exposed underlying alloy. This 
inward oxygen transport will contribute to further external growth, but more importantly, it 
facilitates inter-granular intrusion growth in the base alloy. The FIB-SIMS maps in Figure 
7-5 and Figure 7-6 imply that these intrusions grow by inward oxygen transport, either along 
the intrusion boundaries (see Figure 7-15) or along the interface of the intrusion and the 
matrix. The growth continues until the combination of the stresses due to the volume increase 
and applied stress conform to rupture. This coincides with the onset of crack initiation.  
 
Figure 7-15 16O- and 18O- overlay maps showing the relative distributions of the two oxygen isotopes: (a) first 
mill and (b) second mill. Maps demonstrate 18O--enrichment occurs along the oxide/ metal interface.  
The 18O- isotopic fraction maps (Figure 7-8) and the isotopic fraction profiles (Figure 7-9) 
imply that inward oxygen transport into the stressed grain boundaries contributes to intrusion 
growth and it also diffuses into the grain boundary ahead of the intrusion. The diffusion 
profiles ahead of the crack tip do not disclose whether the oxygen ahead of the intrusion 
exists in its elemental form or as part of an oxide. The latter seems more reasonable as an 
abundance of both Al and Ti exist in the regions adjacent to the crack, in particular at depths 
further from the surface (Figure 7-6). These elements will readily act as oxygen getters that 
prevent any long-range diffusion ahead of the intrusion. Nevertheless, oxygen could well 
exist in elemental form in-line with the DE theory [136], but only over very short distances.   
7.4 Conclusions  
This chapter assessed the role of oxidation and oxygen transport during dwell-fatigue loading 
of a polycrystalline Ni-based superalloy in the shot-peened condition. The choice of loading 
conditions allowed for the study of both fatigue crack initiation and short crack growth. 
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These cracks were then analysed using a number of advanced materials characterisation 
techniques. The following conclusions can be drawn from this study: 
Testing resulted in short (~10µm) fatigue cracks, which were then characterised using various 
materials characterisation techniques following FIB shallow-angle milling of the external 
oxides. After the first milling stage, oxides were visible in the crack wake and tips; however, 
the sub-surface scaling made it difficult to separate the surface oxide contribution. After the 
second milling stage, no further contribution from the surface oxidation prevailed and oxide 
intrusions were clearly identifiable in the grain boundaries orientated parallel to the direction 
of the maximum resolved shear stress. These varied in length between ~5-7 µm; whereas, the 
free surface oxidation grew to an average thickness of 0.32 µm. A modified SAGBO model 
described this observation, suggesting that the intrusion-tip normal stresses of ~2-2.5 GPa 
enhanced the intrusion growth. Additional observations suggested how the presence of 
primary-γ’ precipitates at grain boundaries may well restrict the continued intrusion growth. 
The 16O-/18O- elemental distributions confirmed that the intrusions were 18O-rich. This would 
seem to reinforce theories of stress enhanced oxygen diffusion along grain boundaries. 
Tracer-enrichment (18O) profiles led to suggestions that oxygen diffusion does take place 
ahead of the bulk intrusion; however, oxidation reactions with the most stable oxide formers 
would have readily consumed the oxygen to prevent it from any long range diffusion. The 
oxides in both the crack wake and intrusions consisted mostly of Cr2O3 but the highly 
sensitive ToF-SIMS mapping implied that other oxides existed. A possible mechanism for the 
crack initiation and growth was proposed, based on the current findings. The mechanism is to 
likely involve scale cracking, which in turn leads to inward oxygen attack and the formation 
of large oxide intrusions. Failure of these intrusions is equivalent to the initiation of the 
fatigue crack.  
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Chapter 8 – Conclusion and Further Work  
8.1 Conclusions 
This work has successfully characterised the role of oxidation and oxygen transport in the 
polycrystalline nickel based superalloy fine grained RR1000, in both the polished and shot-
peened conditions under static and loading conditions.  To achieve this, a number of different 
materials characterisation techniques have been applied. Most significantly, experiments have 
developed and adopted the use of isotopic tracing protocols in combination with Focused Ion 
Beam Secondary Ion Mass Spectrometry (FIB-SIMS) elemental mapping. This gave a 
valuable insight into the oxygen transport mechanisms in the external scale and the alloy 
itself. The following outlines the major conclusions of this work:  
Under classical conditions, regardless of surface finish, the alloy studied forms an external 
scale comprising of mostly Cr2O3, which is wetted by a semi-continuous layer of TiO2. 
Oxidation occurs through counter-current cation/anion transport. The oxygen diffusivities 
through the external oxide ranged from 6.2 x 10-15 – 3.9 x 10-14 cm2s-1 in the polished alloy 
and from 7.6 x 10-15 – 1.4 x 10-13 cm2s-1 in the shot-peened alloy, between 700-800°C. Shot-
peening exacerbated the oxidation kinetics at all temperatures. This behaviour results from 
increased solute and oxygen diffusivities in the alloy due to the shot-peened induced 
defective microstructure. Al2O3 internal oxides formed predominantly along the grain 
boundaries of an oxidation induced recrystallised microstructure, which itself was depleted in 
Al and Ti and, therefore, the γ’-phase. Furthermore, FIB-SIMS oxygen mapping 
demonstrated that the internal oxide/alloy interface acted as the dominant transport path for 
oxygen into the alloy.  
Under the influence of both constant compressive and tensile loads, the polished specimens 
exhibited accelerated external/internal oxidation and γ’-depletion/ recrystallisation kinetics. 
Some examples demonstrated 50% increases over the unloaded specimens. These accelerated 
kinetics were rationalised in terms of increased solute and oxygen diffusivities in the 
defective microstructure that establishes due to the constant loading at high temperatures. The 
shot-peened specimens exhibited abnormal behaviour, attributable to the combined effects of 
the applied stresses and the compressive shot-peening residual stresses. Whilst the external 
scaling growth demonstrated accelerated kinetics, the internal oxidation depth remained 
constant under load. FIB-SIMS mapping confirmed that similar oxygen transport 
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mechanisms operate under load to those established from the classical oxidation studies. 
Furthermore, the constant loads only had a minor influence on the oxygen diffusivity in the 
external oxide. The findings suggested that applied stresses act to influence the alloy 
microstructure, which inherently led to increased oxidation kinetics and the formation of new 
oxide morphologies, rather than causing stress assisted oxygen diffusion.  
Residual stress analysis was conducted on shot-peened specimens that had undergone purely 
thermal exposure or dwell-fatigue loading at high temperature. Thermal exposure caused 
relaxation of the maximum residual stress by nearly 60%, whereas the applied dwell-fatigue 
loading conditions nullified the residual stresses. Both conditions would have experienced 
relaxation by diffusion and annihilation of defects; however, elastic shakedown and creep 
will contribute to further relaxation during cycling. An EBSD-based technique, utilising the 
grain mean misorientation, was used to analyse the work-hardening depth. The method 
underestimates the depth of work-hardening by ~50% when compared to XRD peak-width 
and Vickers hardness measurements. This relates to the inability of the EBSD technique to 
distinguish between low levels of deformation and orientation noise.  
The combined effects of dwell-fatigue and oxidation in the shot-peened alloy were studied 
under isotopic oxidation conditions. A tangential milling technique was implemented to 
prepare crack cross-sections (CSS’s) using small cracks (~10 µm) that formed during 
loading. After an initial mill, oxides could be seen in the crack wake and at the crack tip; 
however, a significant amount of the surface oxide disrupted these images. Following a 
second mill, no further contributions from the surface oxidation existed and the oxide 
intrusions (~5-7 µm) were readily observed at the grain boundaries ahead of the crack tip. 
Furthermore, this occurred in the grain boundaries orientated in the direction of the maximum 
shear stress (i.e. 45° to the loading direction). The presence of primary-γ’ precipitates at grain 
boundaries seemed to restrict the continued intrusion growth. The 18O enrichment in the 
nodules confirmed that oxygen diffusion takes place along the intrusion for its continued 
growth along the grain boundary. Final discussions indicated a possible mechanism for the 
crack initiation and short crack growth. In short, the mechanism involves accelerated 
oxidation at the alloy surface, followed by scale cracking, leading to inward oxygen attack 
and the formation of grain boundary oxide intrusions. Failure of an intrusion amounts to 
crack initiation. The continued penetration and cracking of an intrusion results in further 
crack growth. A SAGBO type mechanism is believed to facilitate the intrusion growth.  
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8.2 Further work 
The following outlines the further work necessary based on the findings of the different areas 
investigated in this work. Completion of these will provide an even more in-depth 
understanding of the governing mechanisms and kinetic information required both for input 
into current component lifing algorithms and for future alloy development.  
Isotopic oxidation experiments were very successful for all aspects covered in this thesis. 
These, for example, allowed for successful quantification of the oxygen diffusivity in the 
Cr2O3; however, it would be equally beneficial to determine the dominant transport paths in 
the external scale. Ooi [19] determined the dominant transport paths in growing Al2O3 
external oxides using FIB-SIMS, but these possessed relatively larger grains and 
demonstrated epitaxial growth. The Cr2O3 presumably possesses much smaller, randomly 
orientated grains that are perhaps beyond the lateral resolution of the FIB-SIMS. Atom probe 
tomography, also a mass spectrometry technique, would be an obvious choice for identifying 
the diffusion pathways in the Cr2O3.  
Likewise, FIB-SIMS mapping excellently illustrated the main transport paths in the internal 
oxide regions; however, it would be useful to determine the oxygen diffusivity in the internal 
oxides and along the fast internal oxide/alloy interface. The success of this will rely on the 
development of analysis protocols. Determining the tracer diffusion coefficients in the 
internal oxide regions might be possible for longer exposure times during which substantial 
growth will take place, and this would facilitate easier analysis.  
So far, the research interest has focused on oxygen with much success but other gases, such 
as, SO2 are also important for corrosion studies. To the authors’ knowledge, isotopically 
labelled SO2 gases, with either the S or O acting as the tracer element, are commercially 
available. Studies similar to those in this thesis involving these gases will facilitate a better 
understanding of the associated transport and growth mechanisms.  
Static oxidation investigations of both polished and shot-peened alloys established important 
kinetic and diffusion parameters. A lack of kinetic parameters for other alloys is an 
underlying issue in this field. Most of the literature only presents the oxidation kinetics in the 
form of mass gain data. Whilst informative, this does not provide any information on the 
specific kinetic constants concerning, for example, recrystallisation, which does not 
correspond to a weight change. In this work, measurement of the γ’-depletion/ 
recrystallisation was particularly useful as this addressed the true depth of the oxidation 
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damage. These parameters are equally important and need investigating for other alloys to 
establish correlations between oxidation resistance and composition and/or microstructure. 
Likewise, it is equally as important to conduct the isotopic oxidation experiments for 
clarification of the dominant transport mechanisms and diffusion coefficients in other 
commercial alloys.  
Static and loaded specimens formed rutile above the main Cr2O3 oxide during high 
temperature exposure, which this work attributed this observation to a high Ti solubility in 
chromia. It would be beneficial to determine the concentration of dissolved Ti and the extent 
of the concentration gradient across the scale. Of course, one would then want to establish 
how this changes as a function of temperature and whether the surface finish has any 
influence.  
A number of significant preliminary results emerged from the oxidation under bending loads 
experiments but different areas remain which require more in depth study. For instance, 
significant attention should be made to the deformation within the bulk of the alloy and the 
oxidised near surface. Conducting these tests for various exposure times is also necessary. 
This will provide the necessary kinetic data, directly comparable with the classical oxidation 
experiments. It will also provide an opportunity to study both the development of the 
deformation in the alloy and the microstructural features observed.  
The shot-peened specimens, in particular, will have various competing microstructural 
processes taking place under the creep conditions of the bending oxidation. There is a need to 
study the development of the shot-peened induced residual stresses under loading and how 
this might influence the alloys overall behaviour. Indeed, a study of the residual stresses in 
the external oxide will prove useful as it can give an insight into the intrinsic growth and 
creep mismatch stresses. Limarga et al [198] have successfully developed a benchmark 
model for bending oxidation that could be applied to this alloy.  
Fatigue crack oxidation studies provided a respectable insight into the role of oxidation 
during dwell-fatigue loading of the alloy investigated throughout. These were carried out 
using smooth un-notched specimens, which do not reflect the tri-axial stress state of typical 
crack geometries or the fir-tree fixings of the turbine disc. The stress state could have 
profound effects on the oxidation and oxygen transport in these regions and should be 
examined using notched specimens. Conducting these tests under different loading 
parameters (i.e. different dwell periods) would pay dividends, as it would provide 
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correlations between oxygen tracer penetration depths and loading parameters. Other loading 
parameters could include peak stress, ramp-up and ramp-down times or load ratios. The 
minimum dwell problem [8,108] in superalloys, where minimal stress relaxation occurs, 
would be of great interest for study using isotopic exchange experiments because the 
influence of environmental factors are even more life-limiting.  
With advances in instrumentation, the possibility to conduct three-dimensional (3D) SIMS 
mapping of fatigue cracks now exists. 3D sectioning and mapping was attempted during this 
study; however, it proved unsuccessful due to re-deposition during milling and would need 
addressing in future studies. If successful, this would allow for examination of the crack front 
propagating into the sample.  
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Appendix  
Appendix 1 – Lateral error considerations for IEDP’s 
Since the construction and subsequent fitting of the IEDP’s effectively used a SIMS line-scan 
method, the lateral errors should be considered. The data acquisition consistently used a 100 
pA Ga+ source, which has an approximated beam width of ~20 nm. describe how the beam 
diameter never exceeds the pixel width and no overlap should contribute to towards the error 
in the lateral measurements. Kilner and De Souza [229] considered the effect of the beam 
full-width-half-maximum B, should adhere to B < x/20, where x is the length of the diffusion 
profile x = 2√(D*t18). The diffusion coefficients determined satisfy this condition so that the 
beam should have little effect on the lateral resolution. Another probable source of error 
arises from the alignment of the 16O- and 18O- maps as acquisition of these took place 
consecutively. This was the main reason for milling a fiducial box to define the mapping 
area. The fiducial box milling itself used the same 100 pA beam so its line-thickness should 
not really exceed 20 nm. If the alignment of the map with the box between acquisitions of the 
two isotopes did not change then the error in lateral measurement should be small. However, 
should this not be the case, the centre of the pixels could shift by ±20 nm. Given the shortest 
profile examined of ~400 nm, this would only amount to an error of ±5%.  
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Appendix 2 – Bending rig for isotopic oxidation exposures under constant loads  
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